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ABSTRACT OF DISSERTATION

THE FORMATION MECHANISM OF α-PHASE DISPERSOIDS AND
QUANTIFICATION OF FATIGUE CRACK INITIATION BY EXPERIMENTS AND
THEORETICAL MODELING IN MODIFIED AA6061 (AL-MG-SI-CU) ALLOYS

AA6061 Al alloys modified with addition of Mn, Cr and Cu were homogenized at
temperatures between 350 ºC and 550 ºC after casting. STEM experiments revealed that the
formation of α-Al(MnFeCr)Si dispersoids during homogenization were strongly affected
by various factors such as heating rate, concentration of Mn, low temperature prenucleation treatment and homogenization temperature. Through analysis of the STEM
results using an image software Image-Pro, the size distributions and number densities of
the dispersoids formed during different annealing treatments were quantitatively measured.
It was revealed that increasing the heating rate or homogenization temperature led to a
reduction of the number density and an increase in size of the dispersoids. The number
density of dispersoids could be markedly increased through a low temperature prenucleation treatment. A higher Mn level resulted in the larger number density, equivalent
size and length/width ratio of the dispersoids in the alloy.
Upsetting tests on two of these Mn and Cr-containing AA6061 (Al-Mg-Si-Cu) Al alloys
with distinctive Mn contents were carried out at a speed of 15 mm s-1 under upsetting
temperature of 450 ºC after casting and subsequent homogenization heat treatment using a
300-Tone hydraulic press. STEM experiments revealed that the finely distributed αAl(MnFeCr)Si dispersoids formed during homogenization showed a strong pinning effect
on dislocations and grain boundaries, which could effectively inhibit recovery and
recrystallization during hot deformation in the two alloys. The fractions of recrystallization
after hot deformation and following solution heat treatment were measured in the two
alloys with EBSD. It was found that the recrystallization fractions of the two alloys were
less than 30%. This implied that the finely distributed α-dispersoids were rather stable
against coarsening and they stabilized the microstructure by inhibiting recovery and
recrystallization by pinning dislocations during deformation and annealing at elevated
temperatures. By increasing the content of Mn, the effect of retardation on recrystallization
were further enhanced due to the formation of higher number density of the dispersoids.

STEM and 3-D atom probe tomography experiments revealed that α-Al(MnFeCr)Si
dispersoids were formed upon dissolution of lathe-shaped Q-AlMgSiCu phase during
homogenization of the modified AA6061 Al alloy. It was, for the first time, observed that
Mn segregated at the Q-phase/matrix interfaces in Mn-rich regions in the early stage of
homogenization, triggering the transformation of Q-phase into strings of Mn-rich
dispersoids afterwards. Meanwhile, in Mn-depleted regions the Q-phase remained
unchanged without segregation of Mn at the Q-phase/matrix interfaces. Upon completion
of α-phase transformation, the atomic ratio of Mn and Si was found to be 1:1 in the αphase. The strengthening mechanisms in the alloy were also quantitatively interpreted,
based on the measurements of chemical compositions, dispersoids density and size, alloy
hardness and resistivity as a function of the annealing temperature. This study clarified the
previous confusion about the formation mechanism of α-dispersoids in 6xxx series Al
alloys.
Four-point bend fatigue tests on two modified AA6061 Al alloys with different Si contents
(0.80 and 1.24 wt%, respectively) were carried out at room temperature, f = 20 Hz, R =
0.1, and in ambient air. The stress-number of cycles to failure (S-N) curves of the two
alloys were characterized. The alloys were solution heat treated, quenched in water, and
peak aged. Optical microscopy and scanning electron microscopy were employed to
capture a detailed view of the fatigue crack initiation behaviors of the alloys. Fatigue limits
of the two alloys with the Si contents of 0.80 and 1.24 wt% were measured to be
approximately 224 and 283.5 MPa, respectively. The number of cracks found on surface
was very small (1~3) and barely increased with the applied stress, when the applied stress
was below the yield strength. However, it was increased sharply with increase of the
applied stress to approximately the ultimate tensile strength. Fatigue crack initiation was
predominantly associated with the micro-pores in the alloys. SEM examination of the
fracture surfaces of the fatigued samples showed that the crack initiation pores were always
aspheric in shape with the larger dimension in depth from the sample surface. These tunnelshaped pores might be formed along grain boundaries during solidification or due to
overheating of the Si-containing particles during homogenization.
A quantitative model, which took into account the 3-D effects of pores on the local
stress/strain fields in surface, was applied to quantification of the fatigue crack population
in a modified AA6061 Al alloy under cyclic loading. The pores used in the model were
spherical in shape, for simplicity, with the same size of 7 μm in diameter. The total volume
fraction of the pores in the model were same as the area fraction of the pores measured
experimentally in the alloy. The stress and strain fields around each pore near the randomly
selected surface in a reconstructed digital pore structure of the alloy were quantified as a
function of pore position in depth from the surface using a 3-D finite element model under
different stress levels. A micro-scale Manson-Coffin equation was used to estimate the
fatigue crack incubation life at each of the pores in the surface and subsurface. The
population of fatigue cracks initiated at an applied cyclic loading could be subsequently
quantified. The simulated results were consistent with those experimentally measured,
when the applied maximum cyclic stress was below the yield strength, but the model could
not capture the sudden increase in crack population at UTS, as observed in the alloy. This
discrepancy in crack population was likely to be due to the use of the spherical pores in the

model, as these simplified pores could not show the effects of pore shape and their
orientations on crack initiation at the pores near surface. Although it is presently very timeconsuming to calculate the crack population as a function of pore size and shape in the
alloy with the current model, it would still be desirable to incorporate the effects of shape
and orientation of the tunnel-shaped pores into the model, in the future, in order to simulate
the fatigue crack initiation more accurately in the alloy.
KEYWORDS: Al-Mg-Si-Cu Alloy, High Temperature Precipitation, Recrystallization,
Porosities, Multi-site Fatigue Crack Initiation, Finite Element Modeling
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Chapter 1 Introduction

1.1 Aluminum and aluminum alloys
Aluminum (Al) is the third most abundant element and the second most abundant metallic
element in the Earth’s crust and is most heavily used metal except iron in the world. It
possesses a mass density of 2.698 g/cm3 and crystal structure of FCC with lattice parameter
a = 0.405 nm in metal form over the temperature range from 4 K up to the melting point of
933 K. However, Al does not exist in the pure metal form, but binds with other elements
forming compounds because of its high chemical affinity. Al compounds are primarily the
oxide with various purity and hydration, and to extract Al metal from Al oxide ores like
Bauxite, Nepheline rocks, Alunite, etc., two independent industrial processes are employed:
production of an Al oxide from Al ores by different chemical methods, and production of
Al from an Al oxide using electrolysis with fused Na3AlF6 (cryoliye). Due to the unique
properties of Al (alloys) - low density (~1/3 of the density of steel), high strength and good
formability, thermal and electrical conductivity, high corrosion resistance and recyclability,
it has been increasingly used in many conventional and novel engineering applications,
such as automobile, aerospace, packaging of food and beverages, building and construction,
electricity transmission, manufacture of tools, production of durable consumer and
ecologically sustainable products, etc. [1-4].

Through addition of other elements to form alloys, the application of Al can be expanded
to other engineering fields [1-4]. Differing in forming routes, Al alloys are divided into two
main categories: wrought and cast alloys. Wrought Al alloys are more widely used than
cast alloys, since virtually every available metal forming process can be used to form Al.
The forms of wrought Al alloys include sheet and plate, foil, extrusions, bar, rod, wire,
forgings and impacts, drawn and extruded tubing, etc. Cast alloys are directly produced by
various casting methods without any plastic deformation, such as die casting, direct chill
casting, etc., where the casting is the final form. According to the alloying elements, the
two classes of Al alloys are sorted into different series. The designation systems for
wrought and cast Al alloys are given in Table 1.1. Wrought Al alloys are further
categorized into non-heat-treatable and heat-treatable alloys. Heat-treatable Al alloys are
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strengthened by solution heat treatment followed by water quenching and aging, which
include 2xxx, some 4xxx, 6xxx and 7xxx series alloys. Whereas non-heat-treatable Al
alloys obtain their strength through solid solution or dispersoid hardening. The
strengthening effect could be further enhanced by strain hardening, and this class of
wrought Al alloys include 1xxx, 3xxx, 4xxx and 5xxx series alloys. Cast Al alloys are
either used in the as-cast or heat-treated conditions and cannot be strengthened by work
hardening.
1.1.1 Different series of wrought Al alloys
Different series of wrought Al alloys possess different mechanical properties by adding
various elements, fulfilling the specific requirements for applications in different areas [14]. 1xxx series Al alloys include 99.0% to 99.99% of Al (controlled unalloyed (pure)
composition). This series of Al alloys have low mechanical strength, high ductility,
excellent corrosion resistance and high electrical conductivity, which are primarily used in
electrical and chemical industries. 2xxx series Al alloys contain copper (Cu) as the major
alloying element, and other elements, notably magnesium (Mg), may be added. This series
of Al alloys with high mechanical strength and low corrosion resistance are widely used in
aircraft area. Manganese (Mn) is the principal alloying element in 3xxx series Al alloys.
With moderate mechanical strength, high ductility and excellent corrosion resistance, 3xxx
series Al alloys are used as general-purpose alloys for architectural applications and
various products. 4xxx series Al alloys include silicon (Si) as the major alloying element,
applied in welding rods and brazing sheet. The major alloying element in 5xxx series Al
alloys is magnesium (Mg). Alloys of this series have moderate to high mechanical strength
combined with relatively high ductility, good corrosion resistance and weldability, which
are applied for boat hulls, gangplanks, and other products exposed to marine environments.
6xxx series Al alloys contain magnesium (Mg) and silicon (Si) as the principal alloying
elements. Alloys of this series possess high mechanical strength combined with good
formability and corrosion resistance, commonly used for architectural extrusions and
automotive components. Zinc (Zn) is the major alloying element in 7xxx series Al alloys,
although other elements, such as copper (Cu), magnesium (Mg), chromium (Cr), and
zirconium (Zr), may be specified. The applications of 7xxx series Al alloys include aircraft
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structural components and other high-strength applications, since this series of Al alloys
have the highest mechanical strength with good corrosion resistance, weldability and
formability. 8xxx series Al alloys constitute miscellaneous compositions and are alloyed
with other elements which are not covered by other series. Aluminum (Al) - lithium (Li)
alloys are an example.

1.1.2 Strengthening mechanisms in Al alloys
Due to the low strength and toughness, pure Al cannot be readily used in applications where
severe deformation and fracture could easily occur. Generally, several hardening
mechanisms can be applied to strengthening of Al alloys, such as work or strain hardening,
grain refinement hardening, solid solution hardening, dispersoid hardening, precipitation
hardening and texture hardening [1,2,6-10].

For most metals, work hardening can increase the strength and hardness at the expense of
ductility and formability through plastic deformation, which is the principle means to
strengthen non-heat-treatable alloys [1,2,6-10,11]. When a metal is plastically deformed,
existing dislocations move, and new dislocations are created through mechanisms such as
Frank - Read source. During deformation, dislocations will interact each other and become
pinned or tangled, leading to low mobility of the dislocations, which causes further
deformation to become more difficult and thus the strengthening of the metal. In addition,
work hardening only works at a temperature low enough where recovery and
recrystallization will not occur to return the metal to the fully annealed state with an
appreciable rate, lowering the strength below the design level. Cold rolling of sheet and
foil is the most common means of work hardening in non-heat-treatable Al alloys.

The grain size within a material influences the strength of the material [1,2,6-8,10,12].
Since the orientation of the slip planes and directions between two neighboring grains is
different, a dislocation cannot continue its slip motion into another grain when reaching a
grain boundary. The grain boundary serves as a barrier to movement of dislocations which
pile up near the boundary. With decreasing grain size, shorter distance can be moved by a
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glissile dislocation before reaching a grain boundary, improving the strength of a material.
Strengthening by grain refinement is commonly described by the Hall–Petch relation:
σy = σ0 + kd-1/2

(1.1)

where σy is the yield stress of the alloy, σ0 is the frictional stress, d is the average grain size
and k is referred to Hall-Petch constant, characterizing the difficulty of transmitting slip
across the grain boundary for a given alloy system. Although the value of k is
approximately five times smaller than ferrous alloys, considerable grain size strengthening
can still be achieved at very fine grain sizes in Al alloys, where Hall-Petch relation remains
operative.

Alloying elements can dissolve into the Al matrix and form a solid solution through
solution heat treatment. Solid solution hardening is caused by the interaction of alloying
elements with dislocations, which act as barriers to the dislocation motion to increase
strength [1,6-8,10,13]. Three different ways are provided in which solute atoms can interact
with dislocations: Parelastic interaction (lattice parameter effect), Dielastic interaction
(shear modulus effect) and Chemical interaction (Suzuki effect). Parelastic interaction is
caused by the atomic size difference between solute and matrix atoms, leading to
compressive or tensile stresses, which depends on whether the solute atom is larger or
smaller than the matrix atoms. The elastic distortion energy by the solute atom is reduced
if segregation of solute atoms from perfect crystal to dislocations occurs. When such
dislocations move, the separation of dislocations and solute atoms require the expenditure
of elastic energy obtained during segregation, corresponding to a back stress on the
dislocations, which results in an additional stress applied to overcome this stress, and thus
increase the critical resolved shear stress of the alloys compared to that of the pure matrix.
In the dielastic interaction, since the energy density of a dislocation is proportional to the
shear modulus, the total energy of the dislocation contributed by the solute atoms with
different shear modulus is different from pure solvent atoms, leading to a dielastic
interaction force. Chemical interaction effect is caused by the dependence of the stacking
fault energy on chemical composition. Increasing solute concentration can decrease
stacking fault energy through segregation of solute atoms to dislocations. If the dislocation
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moves, the segregated solute atoms are left behind, which increases the dislocation energy,
making itself felt as a back stress on the dislocation.

Transition elements like Mn, Cr and Zr are typically added to Al alloys to form nondeformable fine incoherent dispersoids by solid state precipitation, either during ingot
preheating or thermal heat treatment of cast shapes to inhibit dislocations movement and
thus obtain substantial strengthening effect. These elements have slow diffusivity, which
are soluble in molten Al but with limited solubility in solid Al. In addition, nonmetallic
particles like oxides, carbides, or borides contained in Al alloys can also achieve this
hardening effect. Since the dislocations cannot cut or penetrate these hard particles
(dispersoids), they have to circumvent the particles by bowing out between the particles
with the formation of dislocation loops - Orowan mechanism, which not only engenders
strong contribution to the yield stress, but also leads to significant strain hardening, much
larger than that in pure metals or solid solutions. Dispersoid hardening also contributes in
the aged condition when incoherent particles precipitate and do not deform with the matrix
[1,2,6-10,14-16].

During precipitation hardening of Al alloys, alloying elements are brought into solid
solution of alloys, which have a sloping solvus line, at high temperatures and after
quenching the alloys to room temperatures, metastable phases with (partially) coherent
phase boundaries with the matrix are precipitated from the supersaturated solid solution at
ambient temperature (nature aging) or at elevated temperature (artificial aging). These
precipitates can be cut through by moving dislocations; however, forces will be exerted on
the motion of dislocations which have to be overcome, resulting in the increase of the
strength of Al alloys [1,2,6-10]. Coherency strain and chemical hardening are at least two
causes of the inhibition of dislocations motion, which result in precipitation hardening.
Coherency strain hardening is caused by the slight misfit between precipitated particles
and the matrix, giving rise to stress fields which hinder the movement of gliding
dislocations. Chemical hardening provides a short-range interaction between dislocations
and precipitates when dislocations pass through, which arises from four possible causes:
(a) the energy required to create two ledges of an additional particle-matrix interface; (b)
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the additional work required to create an anti-phase boundary (APB) on the slip plane of
the particle with ordered structure; (c) the change in width of a dissociated dislocation as
it passes through the particle where the stacking fault energy differs from the matrix; and
(d) the dislocation energy change due to the difference in shear modulus of the particle and
the matrix.

Al alloys with a preferred orientation will show plastic anisotropy depending on the
perfection of the texture, which can also increase the strength of the alloys [2,7,17]. In
commercial Al alloys, the mechanisms of strengthening disscussed above are often
combined to provide even higher strength for applications [1,18,19].

1.2 Wrought 6xxx series Al alloys
The 6xxx series heat-treatable wrought Al-Mg-Si(-Cu) alloys have been the topic of this
dissertation. These alloys have an excellent combination of medium strength, favorable
formability, good corrosion resistance and lower costs. As a result, they are increasingly
used in automotive applications to improve the fuel-efficiency and mechanical
performance of automobiles. The main alloying elements in 6xxx series alloys are Mg and
Si, sometimes with a minor addition of Cu to further enhance the mechanical properties [15,9].

1.2.1 Constituent phases in 6xxx series Al-Mg-Si-(Cu) alloys
The constituent phases are formed during casting of the Al-Mg-Si-(Cu) alloys, which do
not dissolve in the Al matrix during following homogenization even for a long period of
time, although they may change in composition and morphology. Figure 1.1 shows several
types of constituents in as-cast state of a Cr-containing AA6005 Al alloy [20]. Three most
prevalent constituents in 6xxx series alloys are the monoclinic β-AlFeSi phase, the
hexagonal αh-AlFeSi phase and the cubic αc-Al(FeMn)Si phase [20-40]. The plate-like βAlFeSi phase has a monoclinic crystal structure with the stoichiometry of approximately
Al5FeSi [21,22]. Compared with the αc-phase, there is no Mn present in the β-phase. The
hexagonal αh-AlFeSi phase forms in 6xxx series alloys when Mn or Cr concentration is
less than about 0.01wt% [20,21,23]. Its approximate stoichiometry is Al8Fe2Si, in which
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the concentrations of Fe and Si range from 30-33 wt% Fe and 5-12 wt% Si, respectively
[21]. Only in high purity Al-Fe-Si cast alloys, the β-phase can transform to the stable αhphase during homogenization [21,41]. The approximate stoichiometry of the cubic αcphase is generally displayed by Al12(FexMn1-x)3Si [21,33], in which Fe atoms are
interchangeable with V, Cr and/or Mn atoms, causing a change in crystallographic space
group and a small shift in lattice parameters [21]. The αc-phase with a “Chinese-script”
morphology is formed during casting, mostly with a high Fe/Mn ratio. During
homogenization, αc-phase, with an intermediate Fe/Mn ratio, can also be formed through
the β-to-α transformation, in which plate-like β-Al5FeSi particles transform to multiple
rounded α-AlFeMnSi particles with the diffusion of Mn, presented as a string of αcparticles located on the previous location of the original β-particle [20,21,32,42-44]. The
morphological change of this transformation is represented in Figure 1.2 [44]. The
transformation rate and stability of the constituent phases are influenced by the chemical
compositions of the alloys [22,23,43]. In addition, Mg and Si elements are partly dissolved
into the primary Al matrix and to a certain extent are present in the form of Mg2Si
constituent phase during casting, as shown in Figure 1.1 [20].

1.2.2 Dispersoid phases in 6xxx series Al-Mg-Si-(Cu) alloys
Transition elements of Mn and/or Cr are often added into 6xxx series Al-Mg-Si-(Cu) alloys
to further enhance the mechanical properties by formation of fine α-Al(MnCrFe)
dispersoids (10-500 nm in diameter) during high temperature annealing (400-550 °C), as
given in Figure 1.3 [45], which could act as recovery/recrystallization inhibitors during
high temperature deformation and following annealing treatment due to their fairly high
density and high thermal stability, enhancing both the strength and toughness of the alloys
[20,45-49]. For example, Jeniski et al. [46] studied the effect of Mn content on the
formation of Mn-containing dispersoids and recrystallization in an AA6013 Al alloy. It
was found that by increasing the content of Mn, the volume fraction of dispersoids was
increased, thereby enhancing the resistance to recrystallization in the alloy. Hu et al.’s [48]
investigation on the precipitation of Mn-containing dispersoids and recrystallization
behavior in an AA6082 Al alloy showed that the fine spherical-shaped dispersoids with
uniform distribution, formed during homogenization using the slower heating rate, were
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very effective for the retardation of recrystallization during annealing treatment after cold
rolling. The research work by Lee et al. [49] illustrated that the increase of the strength and
fracture toughness in Al-Mg-Si alloys with high Mn content was attributed to the formation
of Mn-bearing dispersoids.
The α-Al(MnCrFe)Si dispersoids are reported to have a cubic unit cell with the lattice
parameter a in the range of 1.25-1.27 nm, which are suggested as isomorphous to AlMnSi
(Pm3 space group [29]) and AlFeSi (Im3 space group [30]). The chemical composition of
α-dispersoids is between α-AlMnSi and α-AlFeSi, in which Fe and Mn (Cr) could
substitute each other freely in a wide range. However, the controversy whether the structure
is simple cubic (SC) or body centered cubic (BCC) still exists. It has been found that with
an increase of the Fe/Mn ratio in cubic α-dispersoids (Fe/Cr ratio in α-Al(CrFe)Si
dispersoids), the crystal structure tends to transform from SC structure to BCC structure
[20,45,50,51]. When only Cr is present, in addition to α-Al(CrFe)Si dispersoids, α’-AlCrSi
dispersoids with face centered cubic (FCC) unit cell (lattice parameter a = 1.092 nm) and
structural formula of Cr4Si4Al13 could be formed [20,52]. The precipitation behavior of the
α-dispersoids during homogenization of an Al-Mg-Si alloy has been extensively
investigated by Yoo et al. [50]. A dispersoids crystal structure transformation
accompanying Mn/Fe ratio change was reported. With higher Mn/Fe ratio, the disperoids
had a simple cubic (SC) crystal structure, while with lower Mn/Fe ratio, the crystal
structure became body centered cubic (BCC), both of which had the lattice parameter about
1.25 nm. As illustrated in Figure 1.4, a critical Mn/Fe ratio for this transformation was
found to be about 1.6 under the specific experimental details applied in their study. Besides
Mn/Fe ratio, the temperature and time of heat treatments were also observed to affect the
structure transformation. Donnadieu et al. [33] studied the Mn and Fe-containing phases in
AA6013 Al alloys. It was found that the small α-dispersoids (with sizes between 0.1 and
0.3 μm), formed during preheating with a Mn/Fe ratio larger than 3 regardless of the
nominal composition of the alloys, had Pm3 space group with the lattice parameter close
to 1.27 nm. And the increase of Mn was observed to favor long range ordering transition
from Im3 to Pm3 space group. Strobel et al. [53] investigated the α-dispersoids at three
different homogenization treatments in an AA6082 Al alloy. It was reported that the small
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dispersoids formed during heating to homogenization temperature were α-Al15(MnFe)3Si2
with SC structure and high Mn/Fe ratio, while coarse particles that were present after
further homogenization were α-Al12(MnFe)3Si with BCC structure and low Mn/Fe ratio.
The transition in crystal structure might be controlled by the diffusion of Fe to the coarse
particles and substitution for Mn.

Because of the complex structures and incoherent interfaces to the Al matrix, homogeneous
nucleation of α-dispersoids seems to be excluded [45]. Several heterogeneous nucleation
sites have thus been suggested. Hirasawa [54] studied the formation of Mn-containing
dispersoids during high temperature annealing in Al-Mg-Si alloys containing Mn. It was
reported that the intermediate form of β-Mg2Si phase (β”- and β’-Mg2Si needles), formed
in the heating period, could act as nucleation sites for the dispersoids during annealing at
350 ᵒC. In addition, at higher temperature probably around 400 ᵒC, cubic α-Al5Mn12Si7
dispersoids with a = 1.267 nm seemed to precipitate on the plate-like β-Mg2Si phase. Hu
et al. [48] reported that during homogenization of a Mn-containing AA6082 Al alloy with
the appropriate heating rate, the Mn-containing dispersoids were observed to nucleate
preferentially on the needle shaped β’-Mg2Si phase that first nucleated along the <100>
directions of the Al matrix as shown in Figure 1.5. With increasing homogenization
temperature and time, the β’-Mg2Si phase gradually disappeared, and finally only the
dispersoids were left. Lodgaard and Ryum [20,45] has done a thorough investigation on
the nucleation mechanism of α-dispersoids during heat treatments in Al-Mg-Si alloys with
varying amounts of Mn and/or Cr. A rod-shaped intermediate phase, referred to as the ‘uphase’, was found to nucleate on the β’-Mg2Si needles and be lined up in the <100>
directions in the Al lattice during the heating of the as-cast alloys to 580 °C at a heating
rate of 3 K min-1. This phase was reported to have the hexagonal structure and be rich in
Mn and/or Cr, which was considered to act as the preferential nucleation site for the αdispersoids (Figure 1.6). It was also found that the distribution of dispersoids was strongly
affected by the heating procedure and Si concentration in the matrix, which was due to
their effects on the precipitation of β’-precipitates that was a prerequisite for the formation
of the nucleation sites (‘u-phase’) for the α-dispersoids.
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1.2.3 Ageing response in 6xxx series Al-Mg-Si-(Cu) alloys
The strength of the wrought Al-Mg-Si alloys can be largely enhanced through age
hardening which is achieved by T6 artificial aging treatment (typically between 150 and
250 °C for 10-20 hours) after appropriate solution and quenching treatments that generate
a supersaturated solid solution. During aging treatment, the supersaturation of the solute
atoms in Al matrix is gradually reduced, and the strength increase results from the
formation of a high density of fine coherent or semi-coherent precipitates of Mg and Si
which act as obstacles to dislocations movement during mechanical loading. Although a
number of studies concerning the kinetics and structure of precipitates are available,
controversy still exist concerning the precipitation process and compositions of
intermediate precipitates. The generic precipitation sequence for 6xxx series alloys during
artificial aging, which is generally accepted in the literature, can be described as follows
[55-68]: SSSS → atomic clusters → GP zones → β” → β’ → β-phase
where SSSS refers to the initial supersaturated solid solution and GP zones stand for
Guinier-Preston zones. Some authors consider the GP zones as GP1 zones, while the β”phase is called a GP2 zone [55,56]. At the beginning of the precipitation process, Si and
Mg start to form clusters, which are initially rich in Si due to its lower solubility in Al and
its higher diffusion speed, and subsequently, Mg and more Si diffuse into the Si-rich
clusters to form Mg-Si clusters [55,57] driven by the large amount of quenched-in
vacancies. The GP zones formed after the Mg/Si clusters during the initial stages of
precipitation. In general, the clusters and GP zones are reported to be spherical, which are
aggregates of disordered solute atoms and fully coherent with the Al matrix [58].
Compared to the much smaller co-clusters, GP zones are thermally more stable and contain
considerably more solute atoms with typical sizes of 1-3 nm, in which the Mg/Si ratio is
usually < 1 [57,59-63]. The pre-β”-phase with a composition of (Al+Mg)5Si6 is considered
to be the most developed GP zone and occurs just before the formation of the β”-phase.
The unit cell of pre-β”-phase is only slightly different from that of the β”-phase, and during
annealing, the Al atoms in pre-β”-phase are replaced by Mg and Si atoms to form β”-phase
[56,58].
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Upon further aging, the clusters and GP zones can serve as nucleation sites for the β”precipitates. The β”-phase was reported to be formed after GP zones and before the β’phase, which has the needle-like morphology (typically about 4 x 4 x 50 nm3) aligned along
the <1 0 0>Al directions and is fully coherent along the needle axis (b-axis) and semicoherent along a and c axes [55,58-61,64]. The β”-phase is considered as the dominant
strengthening phase, mostly responsible for the peak-hardening effect [55,58-61,65], due
to its semi-coherent interface with the Al matrix together with its high number density [63],
which is more effective for dislocation pinning. Various crystal structures reported in the
early studies include monoclinic structure with a = c = 0.616 nm, b = 0.71 nm, β = 82º,
monoclinic structure with a = 0.30 nm, b = 0.33 nm, c = 0.40 nm, γ = 71º, and hexagonal
structure with a = 0.705 nm, c = 0.405 nm [9]. By means of high resolution electron
microscopy and electron diffraction, the β”-precipitate is proposed to have C-centered
monoclinic structure (space group of C2/m, a = 1.516 nm, b = 0.405 nm, c = 0.674 nm, β
= 105.3º) with the atomic composition of Mg5Si6 [59], which is identical to the basedcentered monoclinic structure determined by Edwards et al. in a Cu-containing Al-Mg-Si
alloy [57]. The typical morphology of β”-phase is shown in Figure 1.7 [59].
The next phase appearing in the aging sequence after β”-phase is the β’-phase, which is
formed as rods with their long c-axes parallel to and fully coherent with <100>Al directions,
having hexagonal crystal structure with lattice parameters a = 0.705nm and c = 0.405nm
[9,55,57-62,66]. The β’-phase has the Mg/Si ratio close to the equilibrium Mg2Si phase,
which is determined to be 1.68 [57,59,61,62]. It is also suggested that the β’-phase has a
hexagonal structure (space group P63/m, a = 0.715 nm, c = 1.215 nm) with a formula of
Mg9Si5 [9,55,58]. The structure and composition of the equilibrium β-phase has been well
established to be the fluorite type FCC structure with a = 0.639 nm and composition of
Mg2Si, which appears as platelets along {100}Al planes with dimensions of several
micrometers [55,58-61,65]. The rod-shaped β’-phase as well as the corresponding
equilibrium β-phase are characteristic of the overaged conditions, which exhibit reduced
mechanical properties [58,65]. Plates of Si can be formed together with the β-phase in AlMg-Si alloys rich in Si, which are also viewed as equilibrium phase [58,67,68]. Actually,
the precipitation sequence is more complex than the given generic sequence. In addition to
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the phases mentioned above, some other phases are also reported in Al-Mg-Si alloys,
particularly in alloys containing an excessive amount of Si. Three types of phases U1, U2,
and B, also referred to as type A, B, and C, are most common at longer heat treatment time
or at higher temperatures, and they can coexist with the β-phase upon over-ageing
[9,55,59,65].

When Cu is added as a major alloying element, the precipitation process in Al-Mg-Si-Cu
alloys becomes quite complex. The normally accepted precipitation sequence [69-86]
changes to SSSS → atomic clusters → GP zones → β” → β’, Q’ → Q-phase. Equilibrium
Q-phase is formed as long laths or rods with the long axes parallel to <001>Al directions.
The crystal structure is hexagonal with space group of P6, and the lattice parameters c =
0.405 nm and a = 1.04 nm, with 21 atoms in the unit cell [64,69-71]. The structure is very
similar to that of Th7S12, in which Si atoms take the place of Th atoms, Al and Mg atoms
replay S atoms, and Cu atoms locate at other sites that are not occupied in the Th7S12
structure [71]. The exact stoichiometry has been found to vary between different studies.
First principles atomistic calculations suggest an energetically preferred composition of
Al3Cu2Mg9Si7 [69]. Other studies reported compositions of Al4CuMg5Si4 [22],
Al5Cu2Mg8Si6 [39,72], Al4Cu2Mg8Si7 [71] and Al3CuMg4Si3[73], respectively.
It has been claimed that Q’ is the coherent version of the equilibrium Q-phase, which is
considered to be a precursor of the Q-phase, as shown in Figure 1.8 [74]. The Q’-phase is
mainly formed in overaged conditions, and has a lath shape and hexagonal structure (a =
1.04 nm and c = 0.404 nm) with the long axis oriented parallel to the <001>Al directions
and {150}Al habit planes of the matrix. The Q’- and Q-phases have the same crystal
structure with slightly different lattice parameters, and Q’ is coherent with the Al matrix
along its long axis [75,76]. Matsuda et al. [77] observed a mean chemical composition of
Al4CuMg6Si6 for Q’-phase precipitates and suggested that the Q’-phase could transform
from the β’-phase or nucleate on the interface between the β’-phase and the matrix in an
Al-1.0Mg2Si-0.5Cu wt% alloy. Yassar et al. [78] reported that the Q’-precipitates could be
formed by heterogeneous nucleation on dislocations. Transformation from type-C
precipitate was also suggested [79]. However, this is only the main precipitation sequence
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in Al-Mg-Si-Cu alloys, and the precise precipitation sequence is still not fully understood,
due to complex combinations of metastable phases reported in a number of studies, such
as L, S, C, QP, QC, which are influenced by the Mg to Si ratio (balanced versus excess),
the level of excess Si, and the presence of Cu or the Cu level [72,74,80-82]. The significant
strengthening effects in Al-Mg-Si-Cu quaternary alloys by addition of Cu can be attributed
to the increase of the density of β”-[74] and β’-phases [83], the precipitation of Q’-phase
[83,84] or its lath-shaped precursor phase like L-phase [81,82].

1.3 Recovery and recrystallization
Recovery and recrystallization are two different reasons for the loss of strength through
rearrangement and removal of dislocations that are stored in plastic deformation and cause
strain hardening, during heat treatment after plastic deformation, known as annealing
which usually means keeping the deformed metal for a certain time at a temperature higher
than about one-third of the absolute melting point. Recovery and recrystallization may also
take place during deformation at elevated temperatures, termed dynamic recovery and
dynamic recrystallization, respectively [2,6,10,87].

1.3.1 Recovery and recrystallization during and after hot deformation
Recovery occurs at the early stages of the thermally activated restoration of the inner
structure of cold-worked metals without notable changes of the grain and phase topology.
Static recovery proceeds by the reorganization of the dislocation substructure, driven by
the elastic internal stresses from the preceding plastic deformation and by point defect
annihilation, which can be observed at temperatures far below the recrystallization
temperature of about 1/3-1/2 of the absolute melting point. During recovery subgrain
(boundaries) are gradually formed due to the rearrangement of dislocations. Primary static
recrystallization, which follows the recovery stage and competes with it, is characterized
by nucleation and nucleus growth into the deformation substructure via the formation and
motion of new high-angle grain boundaries. When recrystallization starts, the deformation
substructure is already in a recovered state because the recrystallization process requires
an incubation period and recovery does not. During primary static recrystallization, the
remaining recovered cold-worked structure is replaced by new strain-free and
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approximately equiaxed grains. The driving force is provided by the stored deformation
energy, i.e. primarily by the long-range elastic stresses associated with the dislocation and
subgrain structure that is formed during plastic straining. Following nucleation, grain
growth happens, the driving force of which comes from the reduction in the total grain
boundary area [2,6,10,87].

The accumulated dislocations can continuously be removed by dynamic recovery and
dynamic recrystallization during hot deformation at temperatures above half of the absolute
melting point. Dynamic recovery occurs in materials with high stacking fault energy such
as Al in a continuous fashion and leads to the gradual mutual annihilation of dislocations
by climbing and cross-slip, and the thermally activated formation of subgrains and
subboundaries. Dynamic recrystallization may take place when a critical deformation
condition is reached in metals in which recovery processes are slow, such as those with a
low or medium stacking fault energy, because the accumulated dislocation density is
sufficiently high to stimulate the nucleation of recrystallization during hot deformation.
This mechanism of dynamic recrystallization consists in the formation of mobile highangle boundaries that at least partially surround the nuclei and the subsequent sweeping of
the deformation substructure that is stored during hot working. However, it has been found
that under certain conditions a microstructure of high angle grain boundaries may evolve
during high temperature deformation in ways other than the nucleation and growth of
grains, which is called continuous dynamic recrystallization. And there are at least two
processes which can be classed as continuous dynamic recrystallization: geometric
dynamic recrystallization and dynamic recrystallization by progressive lattice rotation
[2,6,10,87-97].

1.3.2 Dragging effect of particles on moving grain boundaries
Second phase particles can exert a substantial back driving force on the moving grain
boundaries, referred to as particle-pinning force or Zener force, since the presence of
second phase particles on the grain boundary reduces the grain boundary area, and hence
the grain boundary energy, which must be replenished upon unpinning [6,10,88,98].
Considering pinning effect imposed by a stable array of incoherent particles that reside on
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the grain boundaries of the deformed microstructure, assuming that the boundary moves as
a straight interface through the particle array, the magnitude of the pinning force (Zener
pressure) by randomly distributed spherical particles is approximated by Zener and Smith
to be [87,99,100]
3

𝑓

2

𝑟

𝑃𝑍 = − 𝛾

(1.2)

where γ is the grain boundary energy (in units of J/m2), f is the volume fraction of spherical
particles and r is the particle radius.

1.4 Fatigue damage and crack initiation mechanisms
Fatigue failures in metallic structures are a well-known technical problem. When a metal
is subjected to a cyclically variable stress (or strain) of sufficient magnitude (often below
the yield stress), a detectable change in mechanical properties is produced, which is called
fatigue [101,102]. In practice, a large number of service failures are due to fatigue, and
therefore, researches on fatigue failure of materials are highly concerned. Based on the
number of stress or strain cycles during fatigue lifetime, fatigue regime is relegated to either
a low-cycle fatigue (LCF) regime or a high-cycle fatigue (HCF) regime, between which
there is no sharp dividing line. In LCF, stress amplitudes are high, typically over the yield
strength, and the cycle loading is always associated with macro-plastic deformation.
Whereas HCF is more related to elastic behavior of the material on a macro-scale, in which
the stresses applied are just above the fatigue limit [103-105]. As indicated in Figure 1.9,
the fatigue life is usually split into three stages: crack initiation, crack growth and final
fracture due to unstable crack growth [103]. In the crack initiation period, a fatigue crack
nucleus can be initiated on a microscopically small scale under a cyclic load. The crack
initiation period is supposed to include some microcrack growth, but the fatigue cracks are
still too small to be visible. Following crack initiation period, cracks grow to a macroscopic
size, and finally until complete failure [103,104].

1.4.1 Approaches to evaluation of fatigue properties
Traditionally, there are two major approaches to characterize fatigue properties and predict
fatigue life of materials, i.e. total-life approach and damage-tolerant approach [101,105].
In total fatigue life approach (S-N curve approach), the number of stress or strain cycles
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(fatigue life) necessary to induce fatigue failure in initially uncracked and nominally
smooth-surfaced laboratory specimens is estimated under controlled amplitudes of cyclic
stresses or strains. In high-cycle fatigue regime, the stress range is used to characterize the
number of cycles to failure, whereas the fatigue life is characterized in terms of the strain
range in low-cycle fatigue regime. However, large scatter always exists in the measured
data due to inherent microstructural inhomogeneities in real engineering components. In
defect-tolerant approach, all engineering components are assumed to be inherently flawed,
and the size of flaw is generally determined from nondestructive flaw detection techniques.
If no cracks are detected, the largest initial crack size is estimated from the resolution of
the flaw detection technique. The fatigue life is defined as the number of fatigue cycles or
time to propagate the dominant crack from this initial size to some critical dimension,
which is predicted using empirical crack growth laws based on fracture mechanics. This
approach is too conservative, because only largest flaw is considered for prediction of
fatigue life. In addition, the propagation period of crack may cover only small percentage
of total fatigue life, making the prediction much less than the reality.

An experimental methodology, considering the effects of microstructures, has been
developed by Zhai [106] for quantitative characterization of multi-site fatigue crack
initiation behavior in Al alloys, which was well summarized in reference [107]. In this
method, four-point bend fatigue tests are conducted under stress or strain control, by which
the number of fatigue cracks (weak-links, proposed by Weibull [108]) on the sample
surface are measured at different cyclic stress or strain levels. Among all the sigmodal
functions, the populations of crack initiation sites (fatigue weak-links) on the surface are
found to be appropriately a three-parameter Weibull function of the applied maximum
cyclic stress or strain in the alloys, from which the fatigue weak-link density and strength
distribution of fatigue weak-links could be calculated. The fatigue density and strength
distribution of the weak-links could be regarded as materials fatigue properties, which
could be used to quantify the fatigue crack initiation behavior and evaluate the quality of
Al alloys. For example, the effects of environment, types of microstructural heterogeneities
and loading direction on crack initiation were studied in detail in AA7075 T651 [109], AA
8090 Al-Li [106], AA2026 T3511 [107], A713 alloys [110], etc. It was found that the
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anisotropy of fatigue properties in AA8090 Al-Li and AA7075 T651 alloys was due to the
difference in grain structure and particles in different planes [106,109]. The strength
distribution of fatigue weak-links (pores) was indicated to be more appropriate to be used
to evaluate the fatigue crack initiation property of A713 cast Al alloy instead of the simple
pore size distribution [110]. It was also revealed that the crack initiation rate density, rather
than weak-link density, was more accurate to describe the relationship in the Weibull
function. And when the maximum cyclic stress exceeded the yield stress of an alloy, the
applied cyclic strain should be used in the Weibull function to quantify the fatigue crack
initiation behavior in the alloy [107].

1.4.2 Effects of microstructures on fatigue crack initiation
Under high-cycle fatigue (HCF) loading conditions, the period of crack initiation and
propagation of microstructurally short cracks can account for up to 90% of the total fatigue
life of a technical component [101,102]. Many factors have been found to influence the
initiation of a fatigue crack, such as microstructural effects, geometrical effects, loading
conditions, surface effects and environmental effects. In this work, only the effect of the
microstructure will be discussed. During fatigue loading, crack initiation is predominantly
observed at the surface or subsurface, where local stress-strain concentration occurs, giving
rise to local exceeding of the microscopic yield strength, due to the existence of a variety
of microstructural inhomogeneities, such as persistent slip bands (PSB), nonmetallic
inclusions, second phase particles, pores and grain boundaries.

1.4.2.1 Persistent slip bands
In metals and alloys of high purity, cyclic deformation can lead to crack initiation, if some
infinitesimal amount of localized irreversible plastic slip is present. Fatigue often occurs in
grains at the material surface at stress levels below the yield strength because cyclic slip in
surface grains is less constrained by neighboring grains than in subsurface grains [101103,111]. During cyclic slip, the plastic deformation is only partially reversible (slip
irreversibility), causing a small increment of fatigue damage in each cycle. As a
consequence, the permanent slip band (PSB) is formed on the sample surface, leading to
micro-crack initiation [101-103,112-114]. Two reasons of the irreversibility have been
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mentioned [103,115,116]: (1) adsorption of oxygen to form the oxide monolayer at the
fresh metal surface of the emerging slip bands, which cannot simply be removed from the
slip step; (2) non-fully reversible strain hardening in the slip band. Wood [117] proposed
that during cyclic straining the irreversibility of shear displacements along the slip bands
resulted in microscopic 'hills' and 'valleys' at the free surface, which are commonly referred
to as 'intrusions' and 'extrusions', respectively, leading to additional slip and fatigue crack
nucleation because of the stress concentration by the valleys. The slip-induced surface
roughening during fatigue was reported by Forsyth [118] in a solution-treated Al-4 wt%
Cu alloy, in which thin ribbons of the metal (0.1 µm thick and 10 µm long) 'extruded' at
the specimen surface from the PSBs to trigger microcrack initiation. Using interferometric
measurements, it was found by Laird et al. [119] that during the fatigue of Cu single crystals,
surface slip steps were formed in proportion to the applied plastic strain with irreversible
slip in individual steps. Cheng and Laird [120] observed that crack initiation occurred
preferentially at the sites of the PSBs with the highest slip offset and largest strain
localization. Protrusion has also been reported to be responsible for fatigue crack initiation
in some materials, which is a surface uplift with many micrometers in height and tens of
micrometers wide, containing tens of matrix and/or PSB lamellae. Several intrusions and
extrusions may be included in a protrusion [101]. Boyce et al. [121] revealed a new level
of understanding of the mechanistic role of oxygen in PSB crack initiation during fatigue
loading in nickel micro-specimens formed by the LIGA process. Zabett and Plumtree [122]
reported formation of cracks at localized slip bands within the largest available surface
grains in the T and S direction specimens of 2024-T351 plates, which were narrower in the
S direction specimens, facilitating decohesion and leading to earlier microcracking. A
model for surface roughening and crack nucleation was developed by Essmann et al. [113]
based on the hypothesis that the annihilation of the dislocations within the slip bands was
the origin of slip irreversibility. Antonopoulos et al. [123] proposed a model of dislocations
at PSB/matrix interfaces by considering a continued increase in the density of vacancy
dipoles during fatigue. Tanaka et al. [124] modeled the forward and reverse plastic flow
within the slip band by dislocations with different signs moving on two closely located
layers based on the assumption that their movement was irreversible to illustrate fatigue
crack initiation. The interfaces between PSBs and matrix can also serve as preferential sites
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for fatigue crack nucleation. Direct observation of crack nucleation preferentially along the
interface between PSBs and matrix has been obtained by Hunsche and Neumann in Cu
crystals [114].

1.4.2.2 Second phase particles or inclusions
Constituent particles which are formed during casting and break up and redistribute
themselves during subsequent thermo-mechanical processing, such as rolling and extrusion,
can lead to initiation and growth of small fatigue cracks either by debonding of the interface
between the matrix and particles or by fracture of the particles themselves
[101,102,109,122,125-147]. Sigler et al. [125] studied the fatigue crack initiation in an
overaged 2024 Al alloy. It was found that most fatigue cracks initiated at β-constituent
particles at all stress amplitudes, while crack initiation at S-phase particles was extremely
rare and confined almost entirely to the about 95% of the yield strength. In addition, at low
stress amplitudes, crack initiation occurred primarily at the interface between β-particles
grouped in closely-spaced pairs (cluster sites), produced by the fracture of large particles
during rolling. Crack initiation at constituent particles in 7075-T651 has been reported by
several researchers [109,126-128]. Jin et al. [109] investigated the fatigue crack initiation
in an AA7075 T651 alloy plate. Fatigue cracks were predominantly initiated at Fecontaining particles on the L-T and L-S planes, part of which were pre-fractured during
prior rolling, but only at Si-bearing particles on the T-S plane. Harlow et al. [126] observed
that Al7Cu2Fe particles were predominate crack sites, and the damage mechanism was
typically decohesion for Mg2Si. Payne et al. [127] found that the hard Al7Cu2Fe particles
acted as effective fatigue crack initiation sites, a majority of which were cracked during the
hot rolling process, while the softer Mg2Si particles were not effective at nucleating cracks.
It was revealed by Patton et al. [129] that most of the cracks were initiated by the fracture
of intermetallic Al7Cu2Fe and Mg2Si particles, which was favored by twisted cubic texture
in 7010-T7651 Al alloys. Mg2Si/matrix interface decohesion was also detected as minor
sites in the alloy. Zabett and Plumtree [122] found that almost all the cracks were observed
at Al7Cu2Fe second phase particles, which had been broken during prior rolling, in the L
direction in 2024-T351 plate specimens. Zheng et al. [130] studied the fatigue crack
initiation behavior of AA2524-T34 alloy. It was observed that most of the cracks were
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initiated from the second phase particles such as Al7Cu2(FeMn), θ (Al2Cu) and S
(Al2CuMg), or the interface between the particles and the matrix.

Fatigue crack initiation can also occur at nonmetallic inclusions. In the case of the high
strength steels, cracks are initiated most frequently at nonmetallic inclusions such as Al2O3,
MnS or SiO2 [101-103]. Large Al2O3 inclusions tend to crack during cold working or
service in steels [102]. In the case of sulfur-containing steels, the initial stage of fatigue
damage is the debonding of the inclusion from the matrix. Fatigue crack nucleation due to
partial debonding of a MnO-SiO2-A12O3 inclusion from the matrix in a 4340 steel was
reported [101]. In high strength P/M nickel-based superalloys AF-115, crack initiation has
been identified with the existence of HfO2 inclusion [101]. Crack initiation from SiC
particles was also observed in a SiC-reinforced 8019 Al alloy [102].

1.4.2.3 Grain boundaries (GBs)
Grain boundaries (GBs) can also be one type of fatigue crack initiation sites in alloys
[101,102]. Three main ideas to explain the grain boundary (GB) fracture were reviewed in
precipitation hardened Al alloys [93]: (1) microvoid growth at large GB precipitates; (2)
strain localization in the soft, and sometimes solute-free, GB precipitate free zones and (3)
large stress concentrations applied to the GB at the end of slip bands by inhomogeneous
“planar” slip given by matrix precipitate shearing. The first process was of overwhelming
importance compared with the last two processes, which was tested by Vasudevan et al.
[93] in Al-Li alloys, showing that the occurrence of intergranular fracture was associated
with microvoids growth at large GB δ-precipitates. Sigler et al. [125] observed that more
than 10% of the crack initiation was at grain boundaries at the highest amplitude employed
(320 MPa) in an overaged 2024 Al alloy, which was suggested that only at high applied
stresses, the local strains caused by irreversible slip were sufficient to open up a crack along
the grain boundary. Srivatsan et al. [140] showed that the preferential plastic deformation
resulted in a highly localized stress concentration at locations of grain boundary triple
junctions, leading to early nucleation of fine microscopic cracks. Zhai [106] found
predominant intergranular fracture in S-L and S-T samples of an Al-Li alloy due to the
segregation of trace amount of Na and K at grain boundaries when loading in the S direction.
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Intergranular crack initiation was also revealed by Davidson et al. [149] to prevail in a
nickel-based superalloy at the sites where the grain boundaries were 45 to 60º to the loading
axis, the trace of a {111} was within 20º of the GB direction, and the trace of a {111}
impinged on the GB at an angle of 72 to 82 º. Mulvihill et al. [150] demonstrated that the
fatigue crack initiation at GBs resulted from the weakening effect of PFZs surrounding
GBs along which a number of equilibrium θ-precipitates were formed in peak-aged Al-Cu
alloys at a maximum stress of 80% of yield strength. Krupp [102] summarized two mutual
superimposing mechanisms for intercrystalline crack initiation at room temperature, which
did not take grain boundary precipitates or segregation effects into account: (1) high normal
stresses acting on the grain boundaries locally caused by elastic anisotropy, which may
exceed the interfacial cohesion; (2) formation of slip steps by plastic incompatibility, which
generates dislocation pairing along the active slip band and/or dislocation pileup at the
grain boundaries under planar slip conditions. In addition, transgranular crack initiation
can occur if the resistance of the grain boundary to (1) slip transmission (plastic
incompatibility) and (2) interfacial separation is sufficiently high to increase the back stress
encouraging dislocation pairing and/or dislocations pileup and eventually cause slip band
separation.

1.4.3 Effects of porosity on fatigue crack initiation
Pores in metals and alloys could become the predominant fatigue crack initiation sites, in
particular when their size falls within the dimension of the most characteristic
microstructural feature of the material, e.g., the grain size or the phase distribution in twoor multi-phase materials [1,102]. Microporosity formation is generally attributed to two
factors in the cast alloys [1,151]: (1) shrinkage resulting from a lack of interdendritic
feeding during solidification (shrinkage pores) and (2) evolution of hydrogen gas bubbles
due to a sudden decrease in hydrogen solubility in solid metal compared to the liquid during
solidification (gas pores). Shrinkage pores are more like mircocracks often with an
irregular three-dimensional shape and sharp corners, which are quite deleterious to fatigue
properties; whereas gas pores are usually spherical in shape and less detrimental to fatigue
properties than shrinkage pores. Since liquid Al is prone to hydrogen adsorption and
oxidation, both types of these pores can be associated with Al oxide films in Al castings.
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Fatigue crack initiation is reported to occur preferably at pores that are close to or at the
surface [152-165], mainly due to the high stress/strain concentration adjacent to the pores,
as shown in Figure 1.10. Decreasing the size of pores could lead to the increase of the
fatigue life [159,160,162,163]. In the study of Chan et al. [153], fatigue cracks were found
to be initiated at shrinkage pores with sharp radii of curvature in the B319-T6 alloy, which
appeared to have a high stress concentration factor. Large rounded gas pores were also
observed, but they did not initiate any fatigue cracks due to a lower stress concentration
factor. Zhu et al. [152] observed that in E319 cast Al alloy fatigue cracks were
predominantly initiated from large pores located at or very near to the specimen surface.
Yi et al. [161] identified only large pores close to the specimen surface as the major
initiators of fatigue cracks in the examined A356-T6 castings. The resultant fatigue life
was also related to the initiating pore size through a relationship based on the rate of smallfatigue-crack propagation. Wang et al. [154] reported that the fatigue cracks were initiated
from porosity and oxide films located close to or at the specimen surface in Sr modified
cast A356 alloy, with more detrimental effect on fatigue life for porosity. By reducing the
pore size until a critical defect size ~25 µm, fatigue life was increased, below which the
fatigue cracks were initiated from other intrinsic initiators such as eutectic particles and
slip bands. In the study of the effect of porosity on the fatigue life of LP PM319-F and
A356-T6 alloys, Ammar et al. [160] demonstrated that 92% of all tested specimens
fractured because of surface porosity acting as a crack initiation site. The fatigue life of the
sample decreased as surface pore size increased, which was consistent with Couper’s
observations in CP601 cast Al alloy, in which the reduction of the pore size below ~15 mm
did not further improve the fatigue life due to initiation from PSBs became operative [30].
In addition, Stanzltschegg et al. [166] found that a reduction of the number of casting pores
could lead to a higher number of cycles necessary for crack initiation in AlSi7Mg cast alloy.
However, some experimental results showed that fatigue cracks were not necessarily
initiated from the larger pores on or near to the surface [162]. It was observed that smaller
pores, ~10 μm in diameter, on the surface or below surface could still cause crack initiation
in an A713 sand cast Al alloy, indicating that the strength distribution of fatigue weaklinks, instead of the simple pore size distribution, should be used to evaluate the fatigue
crack initiation property of the alloy.
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1.4.4 Modeling of crack initiation from pores using finite element analysis
Finite element analysis was previously used to analyze the effects of pore size, position,
shape and clustering on stress/strain concentration and crack initiation in Al alloys
[157,165]. Gao et al. [156] conducted high cycle fatigue tests on cast A356-T6 alloys,
showing that the pore size and proximity to the specimen surface significantly influenced
fatigue crack initiation, which was supported by finite element analysis (FEA),
demonstrating that high stress/strain concentration was induced by pores with idealized
geometries, which were both large and near to the specimen surface, as shown in Figure
1.11. Similar results were also obtained in A356-T6 alloys [157,161] that a large pore close
to the surface was more likely to initiate a fatigue crack due to the higher induced stress
and accumulated plastic strain, using both experiments and finite element analysis. The
effects of pore position in depth, pore orientation, pore size and pore clustering on the stress
field around a pore (pores) was studied by Xu et al. [165] in a cast 713 Al-Zn alloy using
finite element modeling. It was found that the stress and strain concentrations increased
sharply when a pore intercepted the free surface or with the decrease in distance between
two pores in the surface. By tilting an elongated (ellipsoidal) pore in the surface, the
stress/strain was further increased. Increasing the pore size could only increase the zone of
high stress/strain concentration around the pore in the surface. Yang et al. [167] developed
a quantitative 3-D pore-sensitive model, taking into account the 3-D effects of pores on
fatigue crack initiation in an A713 cast Al alloy. In the model, the relationship of the fatigue
crack incubation life with the pore position and size was analyzed by a 3-D finite element
analysis. The fatigue weak-link density and strength distribution as a function of the
applied cyclic stress was consequently quantified by the 3-D pore-sensitive model, which
was validated by the experimentally measured results in the alloy. The influence of pore
size, spacing, and clustering on fatigue crack incubation has been analyzed by Fan et al.
[155] using an FEM-based micromechanical approach. The local maximum plastic shear
strain range, regarded as the driving force for fatigue crack formation [168], was used to
estimate the cycles to crack incubation using the Coffin-Manson equation. It was revealed
that larger pores and smaller pore spacing led to higher strain concentration and lower
fatigue crack incubation life, with a competition between the effects of pore size and
spacing on plastic strain intensification. The plastic strain intensification effect was found
23

to be sensitive to the applied stress level in particular at stress amplitudes below
macroscopic yielding. The driving force for fatigue crack formation from damaged
inclusions and pores in cast A356 Al alloy was quantified by Gall et al. [168], considering
both idealized circular and realistic shaped inhomogeneities in the finite element study. It
was found that the shape of inclusions or voids had a relatively small effect on the driving
force compared to other critical effects such as size, damaged state, and reversed plasticity.
McDowell et al. [169] applied a HCF model to cast A356-T6 alloy with various types of
inclusions, ranging from individual Si particles to large shrinkage pores and trapped oxide
films, which was capable of predicting the variability of fatigue life for realistic ranges of
solidification rates, hydrogen gas levels, and resulting microstructures. The morphological
assessment of porosity coupled with finite element analysis (FEA) has been increasingly
used to investigate the correlations between defect geometry, stress concentration and
crack initiation [170,171]. For example, an accurate methodology has been developed to
identify local stress concentration on the contour of casting pores in high Fe-content AlSi-Cu alloys [170]. Micro-computed tomography (µ-CT) was applied to reconstruct the
morphology of pores which was converted into a 3-D volumetric model to be used as an
input for linear finite element analysis (FEA) with the aim of investigating the structural
influence of these defects. It was indicated that particularly holes in the shape of shrinkage
pores acted as stress concentrators and could thus be identified as hot spots.

1.5 Motivation of the study
Currently, the primary issue in automotive industry is to further decrease the weight of
vehicles to improve the automobile fuel-efficiency and performance. This can be
accomplished by development of light-weight, low-cost, and high-performance materials.
6xxx series Al alloys are considered as one of the most significant automobile materials
due to their high specific strength, excellent formability, corrosion resistance, and low cost,
etc. 6xxx series Al alloys have been already substantially used in the automotive
applications to substitute steel or conventional Al alloy components worldwide. For
example, Kobelco has developed 6xxx series Al alloys with high strength and high ductility,
such as KS651 alloy with the yield strength of 340 MPa and fatigue strength of 135 MPa,
and more recently KD610 alloy with the yield strength of 380 MPa and the fatigue strength
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of 150 MPa, by controlling alloy composition and thermomechanical processing. However,
the yield and fatigue strengths of the 6xxx series Al alloys might be further enhanced by
further optimizing the alloy composition, microstructure and thermomechanical processing,
which could only be achieved by thorough understanding of the formation mechanisms of
all the phases in the alloys.

In 6xxx series Al alloys, addition of transition elements of Mn and Cr could promote
formation of fine α-Al(MnCrFe)Si dispersoids which inhibit recrystallization, thereby
leading to fine grain structure by forming a large volume fraction of subgrains during
thermomechanical processing. Grain refinement could enhance both strength and
toughness of these alloys. The dispersoids are usually formed during ingot homogenization.
It is therefore desirable to optimize the density and distribution of the dispersoids in order
to retard recrystallization to refine the grain structure effectively in the alloys. This can
only be done by fully understanding the formation mechanism of these dispersoids.
Although these dispersoids have been extensively studied before, their formation
mechanism is still not fully understood, which is still a challenge for the researchers to
make efforts. In addition, although studies of fatigue crack initiation in 6xxx series Al
alloys have been carried out, the quantitative analysis of its correlation with microstructure
is still scare and far from satisfaction.

This research work therefore is focused on the formation mechanism of these dispersoids
and their effects on the mechanical properties, especially the fatigue properties, of the 6xxx
series Al alloys. In this study, STEM and 3-D APT techniques were employed to try to
reveal the formation process of α-dispersoids in Mn and/or Cr-containing AA6061 Al
alloys during high temperature annealing. Also, the effects of various homogenization
parameters on dispersoids formation and their inhibiting effect on recovery and
recrystallization during hot deformation were investigated. In the meantime, an attempt
was made to qualitatively/quantitatively explain the relationship of the fatigue crack
initiation with microstructure (mainly pores) in these alloys using four-point bend fatigue
tests and finite element analysis (FEA).
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Table 1.1 Designation systems for Al alloys [1]
Wrought Aluminum Alloys

Cast Aluminum Alloys

2xxx

Description or Major
Alloying Element
99.00 Minimum
Aluminum
Copper

3xxx

Manganese

3xx.x

4xxx
5xxx

Silicon
Magnesium
Magnesium and
Silicon
Zinc
Other Elements
Unused Series

4xx.x
5xx.x

Description or Major
Alloying Element
99.00 Minimum
Aluminum
Copper
Silicon plus Copper
and/or Magnesium
Silicon
Magnesium

6xx.x

Unused Series

7xx.x
8xx.x
9xx.x

Zinc
Tin
Other Elements

Alloy Series
1xxx

6xxx
7xxx
8xxx
9xxx

Alloy Series
1xx.x
2xx.x
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Figure 1.1 Different constituent phase particles formed during casting in a Cr-containing
AA6005 Al alloy [20].

Figure 1.2 Morphological change resulting from β-phase to α-phase transformation in an
AA6060 Al alloy (a) before transformation and (b) after transformation [28].
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Figure 1.3 TEM micrograph of formation of Mn and Cr-bearing dispersoids during
homogenization of an Al-Mg-Si alloy [45].

Figure 1.4 Primitive cell volume versus Mn/Fe ratio of dispersoids in an Al-Mg-Si alloy
[50].
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Figure 1.5 TEM micrographs of an AA6082 Al alloy. (a) β’-Mg2Si phase aligned to
<100> directions of the matrix; (b) arrows indicate Mn-containing dispersoids on β’Mg2Si phase [48].
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Figure 1.6 TEM bright-field micrograph of a dispersoid that nucleated on the surface of
‘u-phase’ precipitate [45].

Figure 1.7 A typical low magnification micrograph of β”-needles in a <001>Al zone axis
[18].
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Figure 1.8 TEM micrograph of Q’-phase precipitates [74].

Figure 1.9 Different phases of the fatigue life and relevant factors [103].
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(b)

Figure 1.10 Typical fatigue crack initiation pores in (a) A713 [162] and (b) E319 cast Al
alloys [152].

Figure 1.11 Pore-location effect showing the stress concentration around the pore on a
cross section. (a) Global and (b) local views of a central pore (D = 800 µm); (c) global
and (d) local views of a pore close to the surface (D = 800 µm) [156].
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Chapter 2 Experimental methods and theory
2.1 Main experimental methods
2.1.1 Four-point bend fatigue testing
A self-aligning four-point bend testing rig was made and used to study the fatigue behavior
of alloys in this research work whose sample and loading geometries are shown in Figure
2.1 [172]. A ceramic semi-sphere is used as a joint between the upper extension bar and
the loading plate, which can effectively minimize the misalignment between the two
extension bars, leading to uniform loading on a specimen. Two sample pins are designed
to position the sample with a diameter slightly smaller than that of the pin holes at the ends
of the specimen to avoid possible contact, and thus noticeable friction, between the sample
and the two pins during fatigue tests. In addition, two support rollers are used to prevent
sample drifting during fatigue, which are located in the grooves (3 mm apart) with varied
spacing to meet the testing requirements. The grooves are curved in shape with a diameter
slightly larger than 3 mm. The optimum testing geometry has been found to be loadspan/specimen thickness ratios (t/h) = 1.2 - 1.5 and support-span/load-span ratios (L/t) = 4
- 5 through finite element modeling verified by experimental work, which gives a uniform
stress distribution between the inner-rollers in the sample during four-point bend testing.
In this work, the sample dimension of two modified AA6061 Al alloys was 36.5×10×4.7
mm3. The fatigue tests were conducted on an Instron 8802 testing machine (Figure 2.2),
with a sinusoid wave form at f = 20 Hz, stress ratio R = 0.1 and room temperature in air.

2.1.2 Transmission electron microscopy (TEM)
Transmission electron microscopy (TEM) is a microscopic technique in which an image is
formed from the interaction of the electrons with the sample as the e--beam is transmitted
through the specimen, which has the ability to not only image microstructures and defects
at the micro- and nano-scales, but also use diffraction to gain information about crystal
structure, crystallography, lattice parameters of the constituent phases in the
microstructures [2,6,173,174]. A very basic system for a TEM is shown schematically in
Figure 2.3. There are two modes of operation - imaging and diffraction in TEM, and the
corresponding ray diagrams are illustrated in Figure 2.4. When the Bragg conditions are
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satisfied at certain angles between electron beams and crystal orientation, constructive
diffraction and thus strong electron deflection occur. Diffraction pattern can be generated
in the back focal plane by adjusting the magnetic lenses such that the back focal plane of
the lens rather than the imaging plane is placed on the imaging apparatus. By using a
parallel beam of electrons and defining the particular area of interest with a selected area
aperture, selected area diffraction patterns (SADPs) are obtained that not only generate
diffraction images but also provide information about the crystal structure producing an
image that consists of a pattern of dots in the case of a single crystal, or a series of rings in
the case of polycrystalline specimens. Through the insertion of an objective aperture in the
back focal plane, i.e., in the plane in which the diffraction pattern is formed, either the
directly transmitted beam or a strong diffracted beam is selected to form images (diffraction
contrast). If only the transmitted beam is allowed to contribute to the final image by
inserting a small aperture in the back focal plane to block the strongly diffracted ray, the
contrast is shown on a bright background and is known as bright-field imaging. Whereas,
if the diffracted ray is only allowed through the aperture by tilting the incident beam, the
contrast on a dark background is observed, known as dark-field imaging. These two
arrangements are shown in Figure 2.5. Scanning transmission electron microscopy (STEM)
is a type of TEM, which operates by scanning a sharply focused electron beam across the
specimen in a raster pattern, while simultaneously collecting various signals for image
magnification and/or chemical analysis, synchronized with beam position. Figure 2.6
shows a schematic diagram of the electro-optical configuration used when operating the
microscope in an STEM condition. Most STEM microscopes have a two-condenser lens
system; however, some newer systems are available with a three-condenser lens system.
The scanning of the beam across the sample makes STEM suitable for analytical techniques
such as Z-contrast annular dark-field imaging, energy-dispersive X-ray spectroscopy
(EDX) and electron energy loss spectroscopy (EELS). These signals can be obtained
simultaneously, and direct correlation of image and spectroscopic data can be achieved.
The directly interpretable Z-contrast images in STEM are used to form atomic resolution
images with a high-angle detector, which afford improvements of spatial resolution
compared with the conventional TEM. A Hitachi 3300 scanning transmission electron
microscope (STEM) was employed in the current study.
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2.1.3 3-D Atom probe tomography (3-D APT)
3-D APT is the three-dimensional atom probe microscopy offering extensive capabilities
for both 3-D imaging and quantification of individual chemical species at the atomic scale
(around 0.1 - 0.3 nm resolution in depth and 0.3 - 0.5 nm laterally), which is a natural
complement to other major microscopy techniques such as transmission electron
microscopy (TEM) [2,6,175-177]. 3-D APT provides the highest available spatial
resolution for chemical analysis and becomes an essential tool to study nano-scale
phenomena in well-equipped laboratories. The atom probe combines a time-of-flight mass
spectrometer with a point projection microscope capable of atomic-scale imaging.
Combining this with position sensing in the 3-D APT permits the full three-dimensional
reconstruction capabilities of APT. The sample is prepared in the form of a very sharp tip
commonly through electropolishing or FIB milling. At cryogenic temperatures, a high
electric field (~1010 V/m), just below the point of atom evaporation, is created on the apex
of a sharp (<100 nm radius) tip by applying a high voltage (~10 kV). Under short laser or
HV pulsing, atoms on the specimen apex are field evaporated as ions and accelerated
toward the imaging detector with very high detection efficiency (Figure 2.7). By pulsing
the evaporation, the flight time of each ion can be measured and used to calculate the massto-charge ratio and thus determine its chemical nature. The original position of atoms on
the specimen apex is determined from the hit position of the ions on the detector, while the
sequence of evaporation events is used to provide depth information. By repeating this
process, the atoms are progressively removed from the tip, and 3-D images of the element
distributions can be reconstructed with near-atomic resolution. In this work, a local
electrode atom probe CAMECA LEAP 4000SI ® was used, and reconstruction and analysis
of APT data was conducted using Integrated Visualization and Analysis Software
IVAS®3.6.8.

2.1.4 Scanning electron microscopy (SEM)
Scanning electron microscopy (SEM) is a type of electron microscopic techniques to image
a sample by scanning it with a high energy beam of electrons in a raster scan pattern
[2,174,178,179]. A diagram of the scanning electron microscope (SEM) is shown in Figure
2.8. The electrons interact with the atoms that make up the sample and produce signals that
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contain information about the sample's surface topography, composition and other
properties such as electrical conductivity. The types of signals produced by an SEM include
secondary electrons (SEs, E ≈ 100 eV), backscattered electrons (BSEs, with E ≈ 30 kV
which is the incident energy), characteristic X-rays, etc. Due to the low energy of secondary
electrons, they can be bent around corners and give rise to the topographic contrast.
Secondary electron detectors are common in all SEMs, and the signals result from
interactions of the electron beam with atoms at or near the surface of the sample. In the
most common or standard detection mode, secondary electron imaging, the SEM can
produce very high resolution images of a sample surface, revealing details less than 1 nm
in size. Backscattered electrons (BSEs) are beam electrons that are reflected from the
sample by elastic scattering. BSEs are often used in analytical SEM along with the spectra
made from the characteristic X-rays. Because the intensity of the BSE signal is strongly
related to the atomic number (Z) of the specimen, BSE images are particularly important
in showing contrast from changes of composition in the sample. The Magnification in a
SEM can be controlled over a range of up to 6 orders of magnitude from about 10 to 500000
times. Energy-dispersive X-ray spectroscopy (EDS or EDX) is an analytical technique used
for the elemental analysis or chemical characterization of a sample. Its characterization
capabilities are due in large part to the fundamental principle that each element has a unique
atomic structure allowing X-rays that are characteristic of an element's atomic structure to
be identified uniquely from one another. The EDX system is usually equipped with SEM,
which can provide detailed information on the μm scale. In the present work, SEMs Hitachi
S-4300 and Zeiss EVO MA10 were employed.

2.2 Other experimental methods
2.2.1 Optical microscopy (OM)
Optical microscopy was used to observe the microstructures and fatigue cracks of the
modified AA6061 Al alloys on an Olympus PME microscope with the magnifications of
50, 100, 200 and 500 times. For metallographic examinations, the samples were ground
with SiC abrasive papers in a sequence of 400, 600, 800, and 1200 grits, followed by
mechanically polishing using Alumina (Al2O3) powders in sizes of 1, 0.3 and 0.05 µm and
colloidal silica suspension.
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2.2.2 Electron backscattered diffraction (EBSD)
Electron backscattered diffraction (EBSD) has become a powerful technique used on SEM
to obtain crystallographic information for samples without too much prior preparation
[180,181]. When an electron beam strikes a tilted crystalline sample (usually 70˚ to the
fluorescent screen), a diffraction pattern can be formed by the diffracted electrons, which
is recorded with a charge coupled device. Incident electrons which are scattered by atoms
in the surface part of the sample with a small energy loss are called inelastically scattered
electrons. Through the Bragg diffraction of the inelastically scattered electrons by
crystallographic planes in the sample, a Kikuchi pattern [182] is produced on the
fluorescent screen, which can be used to analyze the crystal structure and orientation, grain
boundary misorientations and local crystal rotations in the sample. When the electron beam
is scanned in a grid across a polycrystalline sample, the preferred orientation or texture can
be shown by measuring the orientation at each point, which nowadays is fully automated
analyzed by image recognition computer algorithms. In this study, EBSD work was carried
out on a JEOL JSM-6480 SEM, equipped with a CCD camera and a Channel EBSD system.
Data was analyzed using the software provided by TexSem Lab Inc.

2.2.3 Electron probe microanalysis (EPMA)
Electron probe microanalysis is used primarily for the non-destructive elemental analysis
of micron-sized volumes at the surface of solid materials with sensitivity at the level of
ppm on a micro-analyzer [6]. EPMA works by bombarding a micro-volume of a sample
with an electron beam (typical energy = 5 - 30 keV), emitting X-rays at wavelengths
characteristic to the elements being analyzed. It is fundamentally the same as SEM, but
differs in that it is equipped with a range of crystal spectrometers that enable quantitative
chemical analysis (WDS) at high sensitivity. EPMA provides much better results than
standard SEM/EDS systems, which gives very flexible sample inspection with image
magnification ranging from 40 to 400000. The spectral resolution and detector dead time
of EPMA are much better than EDS. In the current work, FE-EPMA JEOL JXA-8530F
was used.
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2.2.4 Tensile and hardness testing
Hardness testing was carried out on a Vickers tester (HVS-1000) with 100 g load and 15 s
dwell time according to GB/T4340.1-2009 standard [183]. At least five indents were made
for each specimen tested. Tensile tests were carried out on a CSS-44100 Materials testing
machine operated at a constant crosshead speed with an initial strain rate of 5 x 10-4 s-1.
The tensile specimens were machined perpendicular to the forging direction based on
GB/T228.1-2010 standard [184] with the gauge length of 25 mm, as illustrated in Figure
2.9. Three specimens were tested for each alloy and the average value was taken.

2.2.5 Electrical conductivity measurement
Electrical conductivity measurements give insight in the solid solution levels in the Al
alloys. Electrical conductivity of Al alloys can be measured by a so-called Eddy current
instrument. The Eddy currents are induced by a time varying magnetic field and are
measured by a probe (electromagnet) [185].

2.3 Numerical modeling by finite element analysis (FEA) and Matlab
The finite element method is a numerical method for solving problems of engineering and
mathematical physics [186]. When solving problems involving complicated geometries,
loadings, and material properties, analytical mathematical solutions are not usually
obtainable, and therefore, numerical methods, such as the finite element method need to be
employed for acceptable solutions, resulting in a system of simultaneous algebraic
equations for solution. In the finite element method, the modeled body is divided into an
equivalent system of smaller bodies or units (finite elements) interconnected at nodes
and/or boundary lines and/or surfaces. To obtain the solution of the entire body, the
equations for each finite element are formulated and then combined. MATLAB is a widely
used powerful language for technical computing, whose basic data element is a matrix
(array), and can be used for math computations, modeling and simulations, data analysis
and processing, visualization and graphics, and algorithm development [187]. In
MATLAB program, common problems can be solved by tools (functions), and to solve
specific types of problems, optional toolboxes that are collections of specialized programs
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are designed. In the present work, the softwares of ABAQUS 6.13 and Matlab R2018a
were used.
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Figure 2.1 A self-aligning four-point bend fatigue testing rig and the geometry and
dimensions of a four-point bend sample.
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Figure 2.2 Instron-8802 testing machine for four-point bend fatigue tests.
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Figure 2.3 Schematic arrangement of a basic TEM system [2].
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Figure 2.4 Schematic ray diagrams for (a) imaging and (b) diffraction modes in TEM [2].

Figure 2.5 Schematic diagram illustrating (a) bright-field and (b) dark-field image
formations [2].
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Figure 2.6 A schematic diagram of the electro-optical configuration used when operating
the microscope in STEM condition [173].

Figure 2.7 Schematic diagram of a local electrode atom probe [175].
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Figure 2.8 Schematic diagram of a basic SEM [2].

Figure 2.9 Schematic diagram of the tensile specimen.
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Chapter 3 Effects of different homogenization treatments on dispersoid formation in
modified AA6061 (Al-Mg-Si-Cu) Al alloys

3.1 Introduction
The formation of α-dispersoids depend mainly on the homogenization treatment of cast Al
alloys, and partially on the amount of transition metal [53]. Therefore, a better
understanding of the precipitation behavior of the dispersoids is crucial to optimize the
chemical compositions, homogenization treatments and thus mechanical properties of the
alloys. Hu et al. [48] investigated the effect of heating rate on the size and distribution of
α-dispersoids in an AA6082 Al alloy. It was observed that a rapid heating rate produced
large needle-shaped dispersoids with heterogeneous distribution, while a slow heating rate
produced homogeneously distributed fine spherical-shaped dispersoids. Lodgaard and
Ryum [45] reported that in order to obtain a uniform dispersoids distribution in studied AlMg-Si alloys, it was necessary to heat with a low heating rate from a fairly low temperature
(T < 250 °C) to the annealing temperature. The work of Strobel et al. [53] showed that
increasing the homogenization temperature and time led to a reduction of the number
density and an increase in the size of the dispersoids in AA6082 Al alloy. In 3xxx (Al-Mn)
series Al alloys, α-dispersoids prefers to precipitate when the Si level is high. The influence
of alloying elements (Si and Mn), annealing temperature and annealing time on the
precipitation behavior of α-dispersoids during homogenization treatments has been studied
by Li et al. [15,188] in AA3xxx Al alloys with varying compositions of Mn and Si. The
evolution of size, size distribution and number density of dispersoids has been
quantitatively evaluated. However, despite the effects of different homogenization
parameters on the formation of α-dispersoids have been reported, there is still a lack of
systematical study regarding these influences, especially in AA6061 Al alloys with the
addition of Mn and Cr. These have greatly limited our capability in engineering the size
and distribution of the dispersoids in order to effectively inhibit recrystallization and
optimize the mechanical properties of the alloys.

In this chapter, the effects of heating rate, Mn content, low temperature pre-nucleation
treatment and homogenization temperature on the formation of α-dispersoids during
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homogenization in modified AA6061 Al alloys with the addition of Mn, Cr and Cu have
been investigated with the employment of STEM. The dispersoids size, size distribution
and number density of dispersoids after different annealing treatments were quantitatively
measured using the image analysis software Image-Pro on the STEM micrographs.

3.2 Experimental details
Three DC-cast ingots of Mn and Cr-containing Al-Mg-Si-Cu alloys, with 127 mm in
diameter and 1500 mm in length, were produced by Suzhou Research Institute for
Nonferrous Metals, China, which were then machined to cylindrical billets with 100 mm
in diameter and 250 mm in length. The nominal chemical compositions of the alloys with
different amounts of Mn are listed in Table 3.1. The cast alloy samples were heat treated
in air from 350 °C up to annealing temperatures of 460 and 540/560 °C with different
heating rates (direct-heating, 6 °C min-1 and 0.6 °C min-1). At the annealing temperatures,
the samples were kept for 4 hours and subsequently quenched by water. To investigate the
pre-nucleation effect, another sample was isothermally annealed at 350 °C for 2 hours
before heating to 560 °C.

Optical microscopy, electron probe microanalysis (EPMA) and scanning electron
microscopy (SEM) with an energy dispersive spectroscopy (EDS) system were employed
to investigate the microstructures in the as-cast and homogenized samples. Electrical
conductivity measurement was performed on the alloys after 4 hours of homogenization
between 460 and 550 °C. For metallographic examination, the sample surface was ground
with water proof abrasive SiC papers gradually from grit 240 to 1200, followed by
mechanical polishing using alumina powders (1 µm, 0.3 µm and 0.05 µm in size) and
colloidial silica suspension. Some homogenized samples were then etched with Keller’s
reagent for 15 seconds to observe the formation of dispersoids. Scanning transmission
electron microscopy (STEM) was employed to study the effects of heating rate, Mn content,
low temperature pre-nucleation treatment and homogenization temperature on the
formation of α-dispersoids during homogenization on a Hitachi 3300 scanning
transmission electron microscope operated at 300 kV. TEM thin foils (3 mm in diameter)
were prepared by mechanical grinding before twin-jet electropolishing in a Struers
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TenuPol-5 machine. The electropolishing was conducted at -10 °C and 20 V in an
electrolyte containing 70% methanol and 30% nitric acid. Energy dispersive spectroscopy
(EDS) attached to the STEM was used to measure the composition of the dispersoids. The
thickness of the local area of TEM foils, where images of dispersoids were taken, was
measured by the electron energy loss spectroscopy (EELS) technique to calculate the
number density of α-dispersoids. The size and number density of α-dispersoids were
determined by image analysis of the STEM micrographs using ImagePro software. The
number of dispersoids were counted on each STEM micrograph to calculate the number
density for each sample area. The diameter of an area-equivalent circle was reported as
dispersoid size.

3.3 Results and discussion
3.3.1 Microstructures in as-cast and homogenized alloys
The as-cast microstructure of alloy A is shown in Figure 3.1. The alloy showed a multiplephase dendritic structure with porosity in as-cast condition. Several morphologically
distinct constituents were observed, mostly formed along grain boundaries (GBs), which
were identified by a combination of morphology and composition analysis. The SEM-EDS
results in Figure 3.2 and Table 3.2 display that the as-cast microstructure was composed of
three constituent phases: a dominant α-Al(MnCrFe)Si phase (typical lamellar or Chinese
script-like morphology), a minor phase of dark Mg2Si (needle-shaped or Chinese scriptlike morphology), and a small amount of AlMgSiCu phase (round or oval-shaped
morphology), which are consistent with literature [189]. As reported by Han et al. [189],
Mn has obvious inhibiting effect on the formation of β-platelets in which no Mn can be
present [21], and promote the more compact, less harmful α-phase formation in 6xxx series
Al alloys. In the present study, only α-phase was found in the as-cast microstructure of the
examined alloys. The EDS analysis shows the average composition of 66.3 wt% Al, 23.8
wt% (Mn+Cr+Fe) and 7.5 wt% Si in α-Al(MnCrFe)Si phase, corresponding to a formula
of Al9.1(FeMnCr)1.6Si, which is close to the reported Al15(FeMnCr)3Si2 stoichiometry of
the α-phase in literature [22,190]. The AlMgSiCu phase contained a high content of copper,
which has been mostly designated as Q-phase [74]. In addition, the formation of porosity
during the solidification process was generally attributed to two factors [1,151]: (1)
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shrinkage resulting from the volume contraction accompanying solidification due to a lack
of interdendritic feeding, and (2) gas evolution (mainly hydrogen) resulting from a sudden
decrease in gas solubility in solid metal compared to the liquid. The distributions of the
alloying elements contained in as-cast alloy A are shown in Figure 3.3. According to the
EPMA mappings, non-uniform distributions of the elements were revealed in the Al matrix.
The large bright blue areas along the grain boundaries indicate high concentrations, mainly
in constituent phases, while dark areas show low concentrations. As can be seen, in solid
solution the Mn was roughly uniformly distributed within the grains, but there were Mn
depleted regions (i.e., the dark regions in Figure 3.3(h)) along the GBs where Mg2Si phase
was formed (Figures 3.3(e,h)).
The microstructure of the examined alloys after homogenization at 540 °C holding for 4
hours is illustrated in Figure 3.4. As shown in Figure 3.4(a), coarse constituent phases
decreased with the increase of temperature and soaking time during homogenization. After
homogenization the majority of Mg2Si and AlCuMgSi phases were dissolved into the Al
matrix, and α-Al(FeMnCr)Si phase began to fragment and spheroidize during
homogenization process. Besides, there was a large quantity of fine dispersoids formed in
the grains during homogenization treatment due to the decomposition of supersaturated
elements in as-cast Al matrix. The distribution of dispersoids in the matrix is clearly
presented by etching pits in Figure 3.4(b), and the PFZs surrounding grain boundaries can
also be observed. Figure 3.4(c) shows the precipitation of dispersoids in alloy A annealed
at 540 °C for 4 hours by STEM observation. The dispersoids were generally present in three
morphologies, i.e., rods, platelets and little blocks, as indicated by the red arrows, and some
of the "rod-like" dispersoids were actually platelets due to the observation from one view
direction [191]. Furthermore, STEM-EDS results in Figures 3.4(d,e) indicate that the
dispersoids were composed with Al, Mn, Cr, Fe and Si elements, which are believed to be
α-Al(MnCrFe)Si dispersoids based on their morphologies and composition which were
almost identical with those of α-Al(MnCrFe)Si dispersoids formed during high
temperature homogenization treatment in AA6xxx Al alloys, as reported in literature
[45,50]. Due to the high content of Cu in the matrix, it could not be considered as a certain
element in the dispersoids. STEM analysis was performed to reveal PFZs besides
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dispersoids formation. The PFZs surrounding grain boundaries (Figure 3.5(a,b)) can be
observed in alloy A after 4 hours of homogenization at 560 °C. This was due to the obvious
depletion of Mn around the Mg2Si particles at grain boundaries based on the EPMA results
(Figure 3.3). However, the presence of a PFZ was not observed if enough amount of Mn
existed near a grain boundary, and a considerable amount of dispersoids were thus formed
after homogenization (Figure 3.5(c)).

3.3.2 Effect of heating rate on the formation of dispersoids
Figures 3.6-3.10 present STEM micrographs showing precipitation of dispersoids in the
examined alloys after different homogenization treatments, in which the effects of various
parameters - heating rate, Mn content, low temperature pre-nucleation treatment and
homogenization temperature, on the formation of dispersoids were revealed. Moreover, as
illustrated in Figure 3.11, quantitative measurements have been conducted on STEM
micrographs to clearly indicate the difference in size, number density and aspect ratio of
the dispersoids formed under different homogenization conditions.

It was found that heating rate could significantly affect the number density of dispersoids.
The number density of dispersoids increased more than twice when lower the heating rate
from 6 °C min-1 to 0.6 °C min-1 (Figure 3.11(e)). Reducing the heating rate could also
decrease the equivalent size of dispersoids (Figure 3.11(a)). In the present investigation,
the dispersoids formed during homogenization have an incoherent interface to the Al
matrix and homogeneous nucleation thus seems to be excluded [45]. It is known that
heterogeneous nucleation at another phase can reduce the nucleation energy barrier of
dispersoids, and therefore, several sites for heterogeneous nucleation have been suggested.
The work by Hu et al. [48] showed that α-dispersoids preferentially nucleated on the β’Mg2Si needles during homogenization of an AA6082 Al alloy with the addition of Mn.
The formation of the Mn-containing dispersoids, which nucleated on the β’-Mg2Si phase,
were strongly affected by the heating rate. It was observed that a rapid heating rate
produced large needle-shaped dispersoids with heterogeneous distribution, while a slow
heating rate produced homogeneously distributed fine spherical-shaped dispersoids. This
is because that the β’-Mg2Si phase was preferentially formed in the areas rich in Mg and
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Si when the heating rate was high, whereas the β’-Mg2Si phase was able to nucleate
everywhere in the matrix if the heating rate was slow. Lodgaard and Ryum [45] studied the
nucleation mechanism of α-dispersoids in Al-Mg-Si alloys with various amounts of Mn
and Cr during high temperature annealing. It was found that the dispersoids nucleated
heterogeneously on an intermediate phase, referred to as the ‘u-phase’ that nucleated on
the β’-Mg2Si needles. In order to obtain a uniform dispersoids distribution in the alloys, it
was necessary to heat with a low heating rate from a fairly low temperature (T < 250 °C)
to the annealing temperature. During such slow heating, a large number of β’- precipitates
were formed which was a prerequisite for a high density of nucleation sites (‘u-phase’) for
the dispersoids. The formation mechanism for α-dispersoids in the studied alloy has been
recently revealed by the author which will be described in detail in chapter 5. The QAlMgSiCu phase was considered to be the nucleation site for the α-dispersoids. During
slow heating (0.6 °C min-1), larger number of Q-precipitates could be formed, which was a
prerequisite for the formation of higher number density of dispersoids. Lower heating rate
could also promote the diffusion of Mn and nucleation of α-dispersoids on Q-precipitates,
leading to larger amount of dispersoids. When higher heating rate was used, the less formed
dispersoids tend to grow and coarsen, resulting in the increased frequency of dispersoids
with larger equivalent diameters, as shown in Figure 3.11(a).

3.3.3 Effect of Mn content on the formation of dispersoids
The concentration of Mn was revealed to strongly affect the shape, equivalent size and
number density of dispersoids formed during homogenization. In alloy C, the Mn level was
high, resulting in the larger length/width ratio (Figures 3.7 and 3.8), number density (Figure
3.11(e)) and equivalent size (Figure 3.11(b)) of dispersoids after the same annealing
treatment as alloy B with low content of Mn. Increasing the Mn content, the amount of Mn
supersaturation in the Al matrix after solidification was increased, which provided more
dispersoids-forming element, leading to more nucleation and growth of dispersoids,
confirmed by the broadening of particle size distribution shown in Figure 3.11(b). In
addition, the shape difference of dispersoids can be clearly observed from Figure 3.8. In
the alloy containing trace amount of Mn (alloy B), the shape of dispersoids was more
square-like (Figures 3.8(a-c)), meaning that the aspect ratio was close to 1. Whereas the
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aspect ratio of dispersoids could be much larger than 1 in high Mn alloy (alloy C), as
illustrated in Figures 3.8(d,e). It was possible that the dispersoids with low aspect ratio
served as precursors for the high aspect ratio ones. As the square-like dispersoids
precipitated during homogenization, the insufficiency of Mn restrained the formation of
new structure. Whereas when Mn was adequate, the square-like dispersoids could evolve
into rod-like or plate-like shapes.

3.3.4 Effect of low temperature pre-nucleation treatment on the formation of
dispersoids
As indicated in Figure 3.11(e), low temperature pre-nucleation treatment at 350 C for 2
hours could increase the nucleation sites (Q-precipitates) of dispersoids, and thus increase
the number density of dispersoids compared to that without low temperature pre-nucleation
treatment. The equivalent size was found to be similar for the dispersoids formed with or
without low temperature pre-nucleation treatment (Figure 3.11(c).

3.3.5 Effect of homogenization temperature on the formation of dispersoids
As shown in Figures 3.11(d,e), increasing the homogenization temperature led to a
reduction of the number density and an increase in the equivalent size of dispersoids. As
illustrated in Figures 3.10(a,b), after 4 hours annealing at 540 °C, the dispersoids have
grown in size, but the number density of the dispersoids has decreased compared to those
after annealing at 460 °C. At higher temperature, the solubility and the diffusion speed of
Mn increased, resulting in faster growth and coarsening of dispersoids, which led to the
number density decrease and size increase of dispersoids. This is confirmed by the
electrical conductivity measurements on the alloy after homogenization at different
temperatures, shown in Figure 10(c). According to Matthiessen’s law [100,193], Mn, Cr
and Fe have relatively greater contributions to increase the electrical resistivity as
compared to other elements. In the alloys studied, nearly all the Fe content formed
constituent particles. The decrease of electrical conductivity after homogenization at
540 °C (red arrow) compared to 460 °C (blue arrow) was due to the increased solubility of
Mn (Cr) in the matrix, which made plenty of finer dispersoids dissolve into the Al matrix,
leading to the decrease in number density. Figure 3.11(d) displays the size distribution of
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the dispersoids homogenized at the two annealing temperatures. At lower temperature
(460 °C), the size histogram is very narrow. With the increase in homogenization
temperature (540 °C), the size distribution moved to the right side, and the frequency of the
dispersoids with larger equivalent diameters went up, meaning the growth and coarsening
of dispersoids. A larger scatter in size was also present when the temperature was increased.

3.4 Conclusions
(1)

The as-cast microstructure of the alloys studied consisted of a dominant αAl(FeMnCr)Si constituent phase, a minor phase of Mg2Si and a small amount of
AlCuMgSi phase. During homogenization treatments, α-phase began to fragment and
spheroidize, and Mg2Si and Q-AlCuMgSi phases were almost fully dissolved into the
Al matrix.

(2)

During homogenization treatments, a large amount of α-Al(MnFeCr)Si dispersoids
were formed in the alloys which had the morphology of rods, platelets and fine blocks,
with PFZs being formed surrounding grain boundaries. The formation of αdispersoids was strongly affected by various homogenization parameters, such as
heating rate, content of Mn, low temperature pre-nucleation treatment and
homogenization temperature. Increasing the heating rate or homogenization
temperature led to a reduction of the number density and an increase in the equivalent
size of dispersoids. A higher Mn content resulted in a larger number density,
equivalent size and length/width ratio of the dispersoids. Through low temperature
pre-nucleation treatment, the number density of dispersoids was increased.
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Table 3.1 The chemical compositions of Al-Mg-Si-Cu alloys studied in the present work
(in wt%.)
Alloy
A
B
C

Mg
0.85
0.85
0.97

Si
1.24
1.21
1.16

Cu
0.43
0.37
0.36

Mn
0.63
0.04
0.80

Cr
0.26
0.23
0.21

Fe
0.15
0.15
0.18

Table 3.2 Compositions of experimentally observed constituent phases in as-cast
microstructure (in wt%)
Phase
Al(MnCrFe)Si
Al(MnCrFe)Si
Al(MnCrFe)Si
Al(MnCrFe)Si
AlMgSiCu
AlMgSiCu
MgSi
MgSi

Al
61.56
68.93
63.93
70.74
56.79
66.27
69.65
64.39

Mg
0.60
0.85
1.26
0.92
2.68
2.54
6.63
17.92

Si
7.47
6.87
9.05
6.67
7.09
3.59
22.34
16.83
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Cu
1.25
1.13
1.37
2.07
33.21
24.59
1.36
0.63

Mn
12.81
9.90
12.83
9.43
0.09
1.92
0.00
0.14

Cr
2.16
1.78
4.88
1.68
0.05
0.57
0.00
0.05

Fe
14.15
10.54
6.69
8.48
0.09
0.52
0.02
0.03

Porosity

Figure 3.1 Optical micrographs of alloy A in as-cast state.

Figure 3.2 SEM images of constituents in as-cast alloy A.
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Figure 3.3 EPMA maps for the as-cast alloy A. (a) SE image of the alloy; EPMA
elemental maps: (b) Al distribution; (c) Fe distribution; (d) Cr distribution; (e) Mg
distribution; (f) Cu distribution; (g) Si distribution and (h) Mn distribution with a line
scan along the line.
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(a)

(b)

PFZ

(d)

(c)

(e)

Figure 3.4 Microstructure of alloy A after homogenization at 540 °C holding for 4 hours.
(a) SEM image; (b) optical micrograph; (c) STEM micrograph showing typical
morphology of dispersoids; (d) and (e) STEM-EDS results of dispersoids in alloys A and
B after homogenization.
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(a)

(b)

PFZ

PFZ

(c)

Figure 3.5 Precipitation free zones in alloy A after homogenization at 560 °C holding for
4 hours (0.6 °C min-1). (a) and (b) along grain boundary; and (c) no PFZ along grain
boundary.
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(a)

(b)

(c)

(d)

(e)

(f)

Figure 3.6 STEM micrographs showing the effect of heating rate on the formation of
dispersoids in (a)-(c) Alloy A, 540 C/4 h, 6 C min-1; (d)-(f) alloy A, 540 C/4 h, 0.6 C
min-1.
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(a)

(b)

(c)

(d)

(e)

(f)

Figure 3.7 STEM micrographs showing the effect of Mn concentration on the formation
of dispersoids in (a)-(c) Alloy B, 560 C/4 h, 6 C min-1; (d)-(f) Alloy C, 560 C/4 h, 6 C
min-1.
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Atomic Ratio: ~ 1

AR: ~ 1.4

(a)

AR: ~ 2.2

(c)

(b)

AR: ~ 1.1

AR: ~ 32
AR: ~ 5.6

(d)

(e)

(f)

Figure 3.8 Morphology of dispersoids formed after homogenization at 560 °C holding for
4 hours (6 °C min-1) in (a-c) alloy B and (d-f) alloy C.
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(a)

(b)

(c)

(d)

(e)

(f)

Figure 3.9 STEM micrographs showing the effect of low temperature pre-nucleation
treatment on the formation of dispersoids in (a)-(c) Alloy A, 350 C/2 h to 560 C/4 h, 6


C min-1; (d)-(f) alloy A, direct heating to 560 C/4h.
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Figure 3.10 STEM micrographs showing the formation of dispersoids in alloy A after
homogenization at (a) 540 °C and (b) 460 °C holding for 4 hours (0.6 °C min-1); (c)
electrical conductivity of alloy A annealed at different temperatures holding for 4 hours.
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Figure 3.11 Size distribution of dispersoids in (a) Alloy A, 540 C/4 h, 6 C min-1 and 0.6


C min-1; (b) alloy B and alloy C, 560 C/4 h, 6 C min-1; (c) alloy A, 350 C/2 h to 560



C/4 h, 6 C min-1 and direct heating to 560 C/4h; (d) alloy A, 540 °C/4 h and 460 °C/4 h,
0.6 °C min-1; (e) number density of dispersoids after above homogenization treatments.
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Chapter 4 Effects of Mn and Cr addition on the recrystallization behaviors of
modified AA6061 (Al-Mg-Si-Cu) Al alloys

4.1 Introduction
Wrought Al alloys are subject to complex thermomechanical processing treatments to
obtain good mechanical properties, such as high yield strength and good fracture toughness
[1]. Homogenization heat treatment, which is an early processing stage and carried out
directly after casting, is particularly critical, since it plays a key role in determining the
microstructural evolution during subsequent processing steps. One of the primary
objectives of the homogenization process is to form dispersoids with small size and high
distribution density, which could give rise to an enhancement of the alloys’ performance
through retardation of recrystallization in addition to dispersoid strengthening during
following deformation and solution heat treatments [44]. The effects of various types of
dispersoids in different series of Al alloys on the inhibition of recrystallization have been
extensively investigated. For example, in 3xxx series Al alloys, Mn-containing dispersoids,
formed during homogenization, play an important role in controlling the recrystallization
behaviors of the alloys [191,194,195]. In the case of 7xxx series Al alloys, the Zr and/or
Sc-containing dispersoids, which lead to recrystallization inhibition, have been a subject
of interest for many years [196-199]. In 6xxx series Al-Mg-Si(-Cu) alloys, Mn and/or Crcontaining dispersoids with a high thermal stability and number density could effectively
retard the behaviors of recovery/recrystallization of the alloys, due to their strong pinning
effects on the movement of dislocations and grain boundaries at elevated temperatures
during or after plastic deformation, thereby leading to fine grain structure by forming a
large volume fraction of subgrains during thermomechanical processing, enhancing both
strength and toughness of these alloys [46-49,88,200]. However, the inhibiting effects of
these dispersoids during hot deformation still need to be investigated, especially in
AA6061Al alloys with addition of Mn and Cr.

In this chapter, the retardation effect on recrystallization in two Mn and Cr-containing
modified AA6061 (Al-Mg-Si-Cu) Al alloys with various Mn contents during hot
deformation and solution heat treatment were studied using upsetting experiments, STEM
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and EBSD. It was found that the Mn and Cr-containing dispersoids formed during
homogenization could effectively inhibit recrystallization, as they could effectively limit
the mobility of dislocations and grain boundaries in the alloys. Because of the addition of
higher amount of Mn, more dispersoids could be formed, leading to enhanced
recrystallization inhibition effect.

4.2 Experimental details
Two Mn and Cr-containing Al-Mg-Si-Cu alloys with varying amounts of Mn were
prepared by Suzhou Research Institute for Nonferrous Metals, China. The chemical
compositions of alloys A and B were (wt%): Mg 0.85, Si 1.21, Cu 0.37, Mn 0.04, Cr 0.23,
Fe 0.15, and Mg 0.85, Si 1.24, Cu 0.43, Mn 0.63, Cr 0.26, Fe 0.15, respectively. These two
alloys were made into billets with 100 mm in diameter and 250 mm in length after directchill casting, followed by homogenization at 560 ºC for 4 hours at a heating rate of 6 ºC
min-1, and subsequently water cooling.

Upsetting experiments on cylindrical samples of the two alloys (100 mm in diameter and
120 mm in height) machined from the cast billets were carried out at a speed of 15 mm s-1
under upsetting temperature of 450 ºC after homogenization at 560 ºC for 4 hours using a
300-Tone hydraulic press. In the upsetting tests, the flat dies were first heated to 250 ºC
before the samples were deformed from 120 mm to 60 mm in height followed by water
quenching to retain the microstructure formed during upsetting. These samples were then
sectioned into two halves along their axes. One half of a sample was used for examination
of the deformed microstructure, and the other was solution heat treated at 560 ºC for 1 hour
to study the microstructure evolution in the alloys during solid solution heat treatment after
upsetting. Since the strain was non-uniform along the thickness of a sample due to the
friction between the specimen and anvil during deformation, the specimens used for
microstructure observation were all taken from the center of the hot deformed samples.
Electron backscatter diffraction (EBSD) measurements were employed to study the
microstructures after upsetting and solid solution heat treatment on a JEOL JSM-6480
scanning electron microscope. The specimens were electrolytic polished using 10 vol.%
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HClO4 acid in alcohol. The fractions of recrystallization were analyzed using the software
provided by TexSem Lab Inc.

In this work, cylindrical samples of the two alloys with a diameter of 10 mm and height of
15 mm for hot compression tests were also machined from the cast billets. A graphite sheet
coated with high temperature lubricant was used between the specimen and anvils to reduce
the friction between them in hot compression. Compression tests were carried out on a
Gleeble-3500 system at the strain rate of 1 s-1 and deformation temperatures between 420
and 550 ºC for alloy A, between 390 and 460 ºC for alloy B, varied at the interval of 10 ºC.
The samples were first heated to the deformation temperature at a heating rate of 5 ºC s-1
and held for 120 s before compression. When the samples were deformed 50% in the
compression tests, the compressed samples were water quenched and post solution heat
treated at 550 ºC for 2 hours before quenching into water. After following T6 heat treatment
(artificial aging at 180 ºC for 6 hours in an air furnace), the non-recrystallized area fractions
were quantified to investigate the effect of Mn content on the recrystallization behavior.

The samples after homogenization and upsetting were studied using a Hitachi 3300
scanning transmission electron microscope (STEM) at 300 kV. TEM thin foils (3 mm in
diameter) were prepared using mechanical grinding before electropolishing by Struers
TenuPol-5 machine. The electro-polishing was performed at -10 ºC in an electrolyte that
contains 70% methanol and 30% nitric acid. EDS attached to the STEM was used to
measure the composition of the dispersoids. The thickness of observed areas was measured
by electron energy loss spectroscopy (EELS).

4.3 Results and discussion
4.3.1 Precipitates in hot forged alloys
As illustrated in Figure 4.1, the precipitates found in hot deformed samples could be
roughly grouped into three sizes - nano-sized (< 100 nm), submicron-sized (< 1 μm) and
micron-sized (> 1 μm) precipitates, the compositions of which are shown in Figure 4.2 and
Table 4.1. The coarse precipitates contained Cu, Mg and Si, which were widely observed
in both the low and high Mn deformed samples but were absent in homogenized samples.
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As shown in Figure 4.3, these coarse rods could grow to micron size larger than 1 μm, and
many of them were fractured during upsetting, which caused stress concentration by
twisting with dislocations (Figures 4.3(b,d), ADF mode in STEM), seriously decreasing
the alloys’ mechanical properties. It was very possible that these precipitates were formed
due to rapid heating before upsetting which may be avoided by using slow heating rate to
attain the upsetting temperature after homogenization. The other two sizes of precipitates
contained Si, Fe and Cr (Mn), which were α-dispersoids formed during previous high
temperature annealing, as described in the following section. As shown in Figure 4.4, the
thin rod-like dispersoids were found in high Mn samples but absent in low Mn samples,
which was in consistence with homogenized high/low Mn comparison group in last chapter.
4.3.2 Formation of α-Al(MnCrFe)Si dispersoids
In these as-cast commercial Al-Mg-Si-Cu alloy ingots, a part of Mn and Cr content could
form the coarse α-AlFe(Mn,Cr)Si phase in the interdendritic channels upon solidification,
but the remaining Mn and Cr content might dissolve into the Al matrix, forming
supersaturated solid solution, due to fast cooling in casting. During homogenization after
casting, coarse α-constitutes fragmented and spheroidized, and fine Mn and Cr-containing
α-dispersoids were formed due to the low solubility of Mn and Cr in the matrix. Figures
4.5(a,b) are STEM micrographs showing the fine dispersoids formed during
homogenization in the two alloys used in this work before upsetting, respectively. It was
found that finely distributed dispersoids were precipitated in both low and high Mn
comparative alloys. In the alloy containing trace amount of Mn (alloy A) shown in Figure
4.5(a), the shape of the dispersoids was more square-like, meaning that the aspect ratio was
close to 1. Whereas the aspect ratio of the dispersoids was much larger than 1 in high Mn
alloy (alloy B), as illustrated in Figure 4.5(b). As discussed in previous chapter, it was
possible that the dispersoids with low aspect ratio served as precursors for the high aspect
ratio ones. As the square-like dispersoids were precipitated during homogenization, the
insufficiency of Mn restrained the formation of new structure. When Mn was adequate, the
square-like dispersoids could evolve into rod-like or plate-like shapes. The statistical
results of the size and number density of the dispersoids in low/high Mn comparative group
were measured (Figure 3.11). The aspect ratio of the dispersoids in high Mn alloy was
68

much higher judging from the STEM micrographs (Figures 3.8 and 4.5). In addition, the
high Mn alloy possessed larger number density and equivalent size of dispersoids after the
same annealing treatment as the low Mn alloy. It thus could be concluded that alloying
element Mn had a major effect of controlling the shape, equivalent size and number density
of dispersoids. Higher Mn content could effectively increase the length/width ratio, number
density and equivalent size of dispersoids.

The composition analysis by EDS (Figures 4.5(c,d) shows that the dispersoids in the two
alloys both contained the same type of elements: Mn, Si, Cr, Fe and Cu. And it indicates
that Mn was the dominant element in the Mn-containing dispersoids in the high Mn alloy,
while in the low Mn alloy, higher Cr and Fe peaks were detected in those dispersoids. Cu
could not be considered as a certain element in the dispersoids, since the Cu content in the
matrix was also high. Based on their morphology and the composition measurements, these
dispersoids were all α-dispersoids.

4.3.3 Inhibiting effects of dispersoids on recovery and recrystallization
In an alloy with high stacking fault energy, like most Al alloys, dislocations could more
readily rearrange themselves, leading to dislocation annihilation and formation of subgrain
boundaries during hot deformation, which is so called dynamic recovery (DRV). As a result,
the conventional discontinuous dynamic recrystallization, consisting of nucleation and
long-distance growth of new grains, does not commonly take place in commercial Al alloys
except in high purity Al and in Al alloys containing coarse particles [89,92,87]. However,
continuous dynamic recrystallization (CDRX) may occur in Al alloys during high
temperature deformation [91,201]. The authors of this paper have verified the happening
of dynamic recovery and continuous dynamic recrystallization during hot deformation in
an Al-Mg-Si-Cu alloy with similar composition as the alloys used in this work [88]. The
fine Mn and Cr-containing dispersoids with high number density and high thermal stability
could effectively inhibit dislocation movement and pin subgrain/grain boundaries, which
led to a high resistance to dynamic recovery and continuous dynamic recrystallization
during upsetting at elevated temperature.
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The distinct pinning effect of the α-dispersoids during upsetting of the alloys A and B is
shown in Figures 4.6 and 4.7, illustrating that dislocations were effectively pinned by αdispersoids in the two alloys. In Figure 4.6(a), the intertwining dislocations in alloy A are
evidently revealed. The finely distributed square-like (low aspect ratio) dispersoids became
effective inhibitors of the moving dislocations. While in alloy B, the plate-like (high aspect
ratio) dispersoids interacted with dislocations as well as the square-like ones, as shown in
Figure 4.7. The high number density of dispersoid obstacles in both alloys made the
dislocations almost impossible to move long distance. Figures 4.8(a,b) illustrate that
dislocations intertwined with each other and formed dislocation cells during hot
deformation. These dislocation cells interacted with α-dispersoids during hot deformation
and were thus effectively dragged to form (sub)grain boundaries. Figures 4.8(c,d) show αdispersoids dragging a (sub)grain boundary to inhibit its growth. The dark and bright field
contrast in Figure 4.8(d) was due to crystallographic orientation difference between the
two grains. Recovery is not a single microstructural change but a series of events which
includes dislocations tangle, cell formation, subgrain formation and growth [87]. Therefore,
based on the results above, α-dispersoids could be very good inhibitors of dislocation
movement and effectively pin (sub)grain boundaries to stabilize the microstructure by
inhibiting dynamic recovery during hot deformation. To further understand the dislocation
pinning effect of different dispersoids, a combination of annular dark field (ADF) and Zcontrast technique was applied. Under STEM annular dark field (ADF) mode (Figure
4.9(a)), both dislocations and dispersoids were clearly revealed. In Figure 4.9(b), the Zcontrast micrograph eliminated the contrast of dislocations. Two imaging modes in the
same area provided a more explicit view of the pinning effect. As indicated by the yellow
circles, the little block-like nano-sized dispersoids (< 50 nm) were clean of dislocations,
which were simply too small to pin dislocations effectively. Therefore, there existed an
optimum size (~0.1-1µm) of dispersoids, which should be neither too small nor too big to
effectively interact with dislocations.

As shown in Figure 4.10, quantitative analysis has been made using EBSD to measure the
recrystallization fractions of alloy B after upsetting and following solution heat treatment,
in which the newly formed grains were revealed, besides the rest of well-developed
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subgrains in the unrecrystallized elongated grains. In the EBSD orientation map, red, green
and blue lines represent boundaries with misorientations between 2º and 5º, between 5º and
15º and over 15º, respectively. High angle grain boundaries, of misorientation > 15º, were
considered as recrystallized grain boundaries. Whereas the boundaries with misorientation
under 15º were considered as low angle boundaries, and the grain with such a boundary
was thus treated as a subgrain. Using software provided by TexSem Lab Inc., the average
fractions of recrystallization of five selected areas in alloy B were calculated after upsetting
and following solution heat treatment, respectively. The upsetting microstructure consisted
of about 23.5% of the newly formed grains (Figure 4.10(a)) which might be attributed to
continuous recrystallization taking place during upsetting. Continuous dynamic
recrystallization involves the formation of arrays of low-angle boundaries by progressive
accumulation of dislocations and a gradual increase in boundary misorientation until highangle boundaries are formed, i.e., new grains are finally developed [89,90,93]. The
occurrence of dynamic continuous recrystallization could be inhibited by the α-dispersoids
due to their obvious pinning effects on dislocations and grain boundaries.

After hot deformation, 6xxx series Al alloys are usually processed by solid solution heat
treatment followed by artificial aging to obtain the desired strength. Grains/subgrains may
be coarsened during this heat treatment, in which static recrystallization will occur. As
shown in Figure 4.10(b), the average fraction of recrystallization in alloy B after solution
heat treatment was calculated to be 26.6%. This implied that the finely distributed αdispersoids could effectively retard recrystallization and therefore, lead to low
recrystallization fraction after solid solution heat treatment. Conventional static
recrystallization is a reconstruction process of the grain structure in which the deformed
grains are replaced by undeformed new grains through nucleation and nucleus growth
during heat treatment after deformation. Generation and motion of high angle grain
boundaries are necessary to remove the deformed grains. For successful nucleation, three
important instability criteria have to be met [10]. (1) Thermodynamic instability: the
recrystallization nucleus needs to exceed a critical value due to the requirement of Gibbs
free energy decrease for nucleus growth. The heterogeneous nucleation on the existed
supercritical nucleus like dislocation cell or subgrain is more favorable than the
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homogeneous nucleation with low driving force. (2) Mechanical instability: the driving
force should be in local imbalance to move the nucleus boundary in a defined direction,
which can be achieved by e.g., an inhomogeneous dislocation distribution. (3) Kinetic
instability: generation of high angle grain boundaries which have a sufficiently high
mobility to make the nucleus grow. Finely dispersed particles can hinder dislocation
motion and migration of (sub)grain boundary. When a particle contacts the grain boundary
and its surface replaces part of the grain boundary, the energy of the grain boundary is
decreased. However, during the separation of the particle and grain boundary, retarding
force (Zener force) is generated due to the increase of energy. In this work, the finely
distributed α-Al(MnCrFe)Si dispersoids retarded dislocation movement (Figures 4.6 and
4.7) and dislocation cell (Figures 4.8(a,b)) to form subgrain boundary, leading to the low
existence of supercritical nucleus. The dispersoids also gave rise to a homogeneous
distribution of dislocations due to their high number density and high thermal stability.
Moreover, the formation of high-angle grain boundaries was hindered by α-dispersoids
pinning the subgrain boundaries and retarding the transformation of subgrain boundaries
to high-angle grain boundaries. Therefore, the three instability criteria of nucleation were
hardly fulfilled, and the nucleation of recrystallization was effectively inhibited. In addition,
the grain growth of recrystallized grain was also prevented, because of the retardation of
high-angle grain boundary migration by these dispersoids (Figures 4.8(c,d)). Consequently,
both the nucleation and growth of recrystallized grains were retarded during solution heat
treatment in the case of small α-dispersoids with high number density.

4.3.4 Influence of Mn content on recrystallization behavior
Figure 4.11 plots out the non-recrystallized area fraction for the deformation temperature
of the two alloys after hot compression at different temperatures and T6 heat treatment.
This plot indicates that, for a given alloy, as the deformation temperature increased, the
non-recrystallized area fraction increased, the reason of which was that the rise of
deformation temperature reduced the stored energy of dislocations, which was the driving
force for recrystallization. In addition, the effect of Mn content on recrystallization
behavior was studied by examining the non-recrystallized area fraction of the two variant
Mn alloys with Mn content of 0.04 and 0.64 wt%, respectively. For alloy A with 0.04 wt%
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Mn, the samples were fully recrystallized with deformation temperature of 420 ºC and fully
non-recrystallized with 500 ºC after T6 heat treatment. Whereas, in alloy B with higher
content of Mn (0.64 wt%), both the deformation temperatures when fully recrystallization
or non-recrystallization occurred after T6 treatment, significantly decreased, meaning
larger driving force for recrystallization were needed. This indicates that the addition of
higher content of Mn could prevent recrystallization more effectively, due to the formation
of higher amount of recrystallization inhibitors - Mn-containing α-dispersoids.

In the modified AA6061 Al alloys studied in this work, a certain amount of Mn and Cr
tend to remain in supersaturated solid solution after solidification and precipitated as fine
α-Al(MnCrFe)Si dispersoids during following high temperature annealing step. These
dispersoids could effectively inhibit recrystallization by pinning dislocations and
(sub)grain boundaries. Increasing the Mn content increased the amount of α-Al(MnCrFe)Si
dispersoids and therefore, increased the resistance to recrystallization in these alloys.
However, part of Mn and Cr interacted with Fe and Si to form coarse constituent αAl(FeMnCr)Si particles upon solidification, which were divided and spheroidized but not
dissolved after homogenization. These coarse constituent particles (> 1 µm) could promote
recrystallization through particles stimulated nucleation (PSN), since they could act as
preferential sites for nucleation of recrystallization due to the increased strain of the matrix
around these particles, especially in PFZs. Increasing the content of Mn also increased the
volume fraction of these coarse constituent particles, which could promote the formation
of recrystallization grains. In this work, the result shown in Figure 4.11 illustrates that the
increased volume fraction of the small dispersoids in the alloys compensated more for the
increase in the volume fraction of the coarse constituent particles, resulting in an increase
in the recrystallization resistance with increased Mn content.

4.4 Conclusions
(1)

Three sizes of precipitates, i.e., nano-sized (< 100 nm), submicron-sized (< 1 μm)
and micron-sized (> 1 μm), existed in the alloys after upsetting. The Cu-containing
coarse precipitates (> 1 μm), formed during rapid heating before upsetting, could be
fractured during hot deformation, which was detrimental to the mechanical properties
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of the alloys. The other two sizes of precipitates were fine α-Al(MnCrFe)Si
dispersoids that were formed during previous high temperature annealing.

(2)

Fine α-Al(MnCrFe)Si dispersoids with high number density and thermal stability
were formed during homogenization before upsetting in the two alloys with various
Mn contents. It was found that Mn could strongly affect the formation of dispersoids.
By increasing the content of Mn, the aspect ratio, number density and equivalent size
of the dispersoids were increased in the alloys.

(3)

Mn and Cr-containing α-dispersoids with a high number density and thermal stability
could effectively retard recovery and recrystallization, and stabilize the
microstructure of the alloys during hot deformation and the subsequent solution heat
treatment by pinning movement of dislocations and migration of (sub)grain
boundaries. A higher content of Mn led to a higher number density of dispersoids,
and thus an enhanced retardation effect on recrystallization. An optimum dispersoid
size, approximately 0.1~1 µm, was suggested to have the best dislocation pinning
effect.
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Table 4.1 Compositions of precipitates found in hot deformed samples
Alloy
Alloy A

Alloy B

Size
Coarse
Submicron
Nano
Coarse
Submicron
Nano

Major Elements
Cu
Cr
Cr
Cu
Mn, Cr
Mn, Cr
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Other Elements
Si, Mg
Fe, Si, Mn
Fe, Si, Mn
Si, Mg, Mn, Cr
Fe, Si
Fe, Si

Micron

Submicron
100 nm

(b)

Nano

(a)

200 nm

1 µm

(c)

(d)

Figure 4.1 Precipitates in alloy B after upsetting at the temperature of 450 °C. (a)
Different sizes of precipitates; (b) nano-sized precipitates (< 100 nm); (c) submicronsized precipitates (< 1 μm); (d) coarse micron-sized precipitates (> 1 μm).
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(b)

(a)

Figure 4.2 Three sizes of precipitates (red color for nano-sized, yellow color for
submicron-sized and blue color for coarse-sized ones) in (a) low Mn alloy (alloy A) and
(b) high Mn alloy (alloy B) after upsetting at the temperature of 450 °C.
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HAADF

ADF

Fractured coarse precipitate

(a)

(b)

Fractured

Fractured

(c)

(d)

Figure 4.3 STEM micrographs showing fractured coarse precipitates found in (a) and (b)
alloy A and (c) and (d) alloy B after upsetting at the temperature of 450 °C.
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Submicron Thin Rods
in High Mn Alloy

Absence of Submicron
Thin Rods
in Low Mn Alloy

(a)

(b)

Figure 4.4 STEM micrographs showing (a) absence of submicron-sized thin rods in alloy
A and (b) thin rod-like dispersoids distributed inside alloy B after upsetting at the
temperature of 450 °C.
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(a)

(b)

(c)

(d)

Figure 4.5 STEM micrographs showing precipitation of α-dispersoids after
homogenization at 560 °C for 4 hours in (a) alloy A and (b) alloy B; EDS of α-dispersoids
in (c) alloy A and (d) alloy B.
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(a)

(b)

(c)

(d)

Figure 4.6 micrographs showing pinning effect of α-dispersoids on dislocations after
upsetting at the temperature of 450 °C in (a) alloy A (WBDF mode) and (b) alloy B (DF
mode); dislocations interaction with submicron-sized dispersoids in (c) alloy A (WBDF
mode) and (d) alloy B (BF mode).
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(a)

(b)

(c)

(d)

(e)

Figure 4.7 (a) STEM micrographs of alloy B showing pinning effect of α-dispersoids on
dislocations; (b)-(e) magnification of (a), showing details of submicron-sized dispersoids
interacting with dislocations after upsetting at the temperature of 450 °C.
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(a)

(b)

(c)

(d)

Figure 4.8 STEM micrographs showing pinning effect of α-dispersoids on dislocation
cells and grain boundaries in (a) and (c) alloy A and (b) and (d) alloy B after upsetting at
the temperature of 450 °C.
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(a)

(b)

Figure 4.9 STEM micrographs showing interaction of submicron-sized dispersoids with
dislocations in alloy B using (a) ADF mode (dislocations revealing) and (b) HAADF
mode (Z contrast).

(a)

RE: 23.5%

(b)

RE: 26.6%

Figure 4.10 Orientation maps of alloy A after (a) upsetting at 450 °C and (b) following
solid solution heat treatment at 560 °C for 1 h. Red lines correspond to misorientation
angle > 2ᵒ, green lines > 5ᵒ, and blue lines > 15ᵒ, respectively.
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Figure 4.11 The relationship between non-recrystallized area fraction and upsetting
temperature in the two alloys.
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Chapter 5 The formation mechanism of Manganese-induced precipitation in a
modified AA6061 (Al-Mg-Si-Cu) Al alloy during homogenization

5.1 Introduction
As previously described, nucleation of α-dispersoids is often believed to be heterogeneous.
Several sites for heterogeneous nucleation have been suggested. Hirasawa [54] proposed
that β”-and β’-Mg2Si needles or even plate-like β-Mg2Si phase could act as the preferential
nucleation sites for the Mn-containing α-dispersoids in Al-Mg-Si alloys containing Mn. Hu
et al. [48] suggested that, during homogenization of an AA6082 Al alloy with the addition
of Mn, the needle shaped β’-Mg2Si phase was first formed along <100> directions in the
Al alloy, and at higher temperature, α-dispersoids were preferentially nucleated on β’Mg2Si needles, leading to the dissolution of the β’-phase. However, there has still been a
lack of sufficient experimental evidence to support these suggestions. Lodgaard and Ryum
[20,45] studied the nucleation mechanism of α-dispersoids in Al-Mg-Si alloys with various
amounts of Mn and Cr during high temperature annealing. It was found that a rod-shaped
intermediate phase, called ‘u-phase’ with a hexagonal structure and containing dispersoidsforming elements, was nucleated on the pre-formed ’-phase. Consequently, it was
suggested that the u-phase was the precursor phase for the formation of α-dispersoids.
Despite the formation of α-dispersoids in 6xxx series Al alloys has been investigated for
two decades, its mechanism is still not fully understood. For example, the role of each of
the elements (Mn, Cr, Fe and Si) involved in forming the dispersoids is still unclear. In
addition, it is also desirable to understand how Cu influences the precipitation process of
the dispersoids in a 6xxx series Al alloy with an addition of Cu.
In this chapter, the formation mechanism of α-dispersoids during homogenization in an
AA6061 Al alloy modified with the addition of Mn, Cr and Cu was investigated using
STEM and 3-D atom probe tomography (APT). It was found, for the first time, that Mn
played a critical role in the formation of the α-dispersoids by first segregating to the
interface of Q-phase, triggering dissolution of the Q-phase and then formation of a string
of Mn-rich clusters which soon grew into α-dispersoids by participation of Si, Fe and Cr,
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respectively. The strengthening of the alloy due to high temperature annealing was also
quantitatively discussed.

5.2 Experimental details
The ingot of a Mn and Cr-containing Al-Mg-Si-Cu alloy, with 127 mm in diameter and
1500 mm in length, was prepared by direct-chill (DC) casting at Suzhou Research Institute
for Nonferrous Metals, China. The nominal chemical composition of the alloy includes Mg
0.81, Si 0.80, Cu 0.43, Mn 0.64, Cr 0.26 and Fe 0.15 (in wt%). The cast alloy ingot was
machined to make the billet with 100 mm in diameter and 250 mm in length, which was
then homogenized in air at 460 or 550 °C for 4 hours with a constant heating rate of 0.6 °C
min-1, followed by water quenching. To investigate the early stage of precipitation during
homogenization, several cast samples were directly heated to 460 °C for isothermal
annealing of 15 minutes and 2 hours, followed by water quenching. Optical microscopy,
electron probe microanalysis (EPMA) and scanning electron microscopy (SEM) equipped
with an energy dispersive spectroscopy (EDS) system were employed to investigate the
microstructures in the as-cast and homogenized samples. Electrical conductivity and
Vickers hardness measurements were performed on the alloy after 4 hours of
homogenization between 460 and 550 °C. Scanning transmission electron microscopy
(STEM) and 3-D atom probe tomography (APT) were used to study the formation
mechanism of fine α-dispersoids. STEM investigation was performed using a Hitachi 3300
scanning transmission electron microscope operated at 300 kV. TEM thin foils of the alloys
were prepared by mechanical grinding, before twin-jet electropolishing at -10 °C and 20 V
in an electrolyte containing 70% methanol and 30% nitric acid. Energy dispersive
spectroscopy (EDS) attached to the STEM was used to measure the composition of the
precipitates observed. The thickness of TEM foils, where images were taken, was measured
using electron energy loss spectroscopy (EELS), in order to determine the number density
of -dispersoids. The area fractions of precipitation free zones (PFZs) were measured with
optical microscopy in the alloys etched with a Keller reagent. The statistic characteristics
of dispersoids and area fractions of PFZs were analyzed using Image-Pro from the STEM
and OM micrographs, respectively.
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The specimens of 0.5 x 0.5 x 12 mm3 for APT measurements were electropolished first in
acetic acid with 30% perchloric acid at 20 V and second in an electrolyte of 5% perchloric
acid in 2-butoxyethanol at 20 V until a sharp tip was formed. The tip sample was further
sharpened using focus ions beam (FIB) to get rid of apex of specimens where few
precipitates were left due to electropolishing. The radius of the milled needle was around
300 nm when the region of interest was located. A helium ion microscope was then used
to remove the surface layer with Ga implantation resulting from FIB processing, to reduce
the tip radius to less than 100 nm. The tip sample was analyzed in a local electrode atom
probe (CAMECA LEAP 4000SI ®) under ultrahigh vacuum (~10-10 torr) and ultralow
specimen temperature (20 ~ 26 K), UV laser energy of 30~50 pJ, pulse rate of 250~500
KHz. Reconstruction and analysis of APT data was conducted using Integrated
Visualization and Analysis Software (IVAS®3.6.8). In order to identify the boundary
between matrix and precipitates or dispersoids, isosurfaces with different Mg or Mn
concentration were defined, which related the observed distribution of composition to
theoretical models [177].

5.3 Results
5.3.1 The microstructure and distribution of Mn in the as-cast alloy
As shown in Figure 5.1(a), the as-cast alloy studied in this work showed a multi-phase
dendritic microstructure which typically comprised of three types of intermetallic phases,
mostly formed along grain boundaries (GBs). In SEM, these particles on GBs were in either
a dark or a bright contrast (Figure 5.1(b)). As shown in Figures 5.1(c-i), EPMA
measurements revealed that the particles of dark contrast contained mainly Si and Mg,
thereby likely to be Mg2Si phase, while the particles in a lighter contrast were mainly
consisted of Fe, Cr, Si and Mn. They should be α-Al(FeMnCr)Si phase formed during
solidification, since only the primary α-Al(FeMnCr)Si (or Al15(Fe,Mn)3Si2 [22,189]) phase
could be formed due to a relatively high content (0.64 wt. %) of Mn and its inhibiting effect
on the formation of β-platelets in cast Al alloys. In addition, a small amount of roundish
particles with a lighter contrast contained mainly Al, Mg, Si, and Cu, likely to be Q-phase
inside grains [74]. It was interesting to note that Cu tended to segregate at GBs during
homogenization (Figure 5.1(g)), though no Cu-containing phase existed at the
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homogenization temperature, and that there were Mn depleted regions (i.e., the dark
regions in Figure 5.1(i)) along the GBs where Mg2Si phase was formed (Figures 5.1(f,i)).
However, the Mn-depleted regions did not occur around a Mn-rich phase on a GB (Figure
5.1(i)). The average width of the Mn-depleted regions was about 6 m. There were no
depleted regions for Fe and Cr in the alloy after solidification. As will be discussed later in
the paper, the formation of α-Al(FeMnCr)Si dispersoids was delayed in the Mn-depleted
regions, indicating that Mn could play a significant role in triggering the dissolution of Qphase, followed by the formation of α-Al(FeMnCr)Si dispersoids.

5.3.2 STEM analyses of precipitation at high temperature
5.3.2.1 Homogenization at 460 and 550 °C for 4 hours
Figure 5.2(a-c) are STEM micrographs showing the typical morphologies of the
dispersoids formed in the alloy after homogenization at 460 C and 550 C for 4 hours,
respectively. As shown in Figure 5.2(a), three typical morphologies of these dispersoids
could be observed, i.e., thin rods, platelets, and fine blocks, after 4 hours of annealing at
550 °C. The dispersoids formed at 460 °C are illustrated in Figures 5.2(b,c). Similar to
homogenization at 550 °C, rod-, plate- and fine block-like dispersoids were also observed
at 460 °C. Some thin rod-shaped dispersoids (such as disperoids A and B in Figure 5.2(b))
were found to be actually platelets in shape, as their thickness were broadened by tilting
the specimen by 25° around the axis shown in Figure 5.2(c). Meanwhile, a plate-like
dispersoid labeled C in Figure 5.2(b) was shrunk to a smaller width, confirming that it was
also a inclined platelet in shape. In contrast, a string of the fine block-like dispersoids
circled in Figures 5.2(b,c) did not change their shape after the tilting, and therefore, they
were likely to be blocks in shape.

EDS elemental analysis on STEM revealed that the three types of dispersoids formed at
460 °C (Figure 5.2(d)) were all consisted of mainly Al, Mn, Cr, Fe and Si, as shown in
Figures 5.2(e-j). Cu was found to be almost uniformly distributed inside a grain and no Curich phases existed in the alloy at this temperature (Figure 5.2(j)). All the fine block
dispersoids within a string contained the almost same chemical composition, as illustrated
in Figure 5.3. The dispersoids formed at 550 °C were also consisted of the same
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composition as those at 460 °C. Because the dispersoid thickness (< 100 nm) were much
smaller than the thickness (typically around 200 nm) of a TEM sample, the crystal structure
of these dispersoids could hardly be analyzed using STEM in this work since the diffraction
patterns from the selected area containing these dispersoids were dominated by the matrix.
However, they were believed to be α-Al(MnCrFe)Si dispersoids, according to their
morphologies and composition which were almost identical with those of α-Al(MnCrFe)Si
dispersoids formed during high temperature homogenization treatment in AA6xxx Al
alloys, as reported in literature [45,50].

5.3.2.2 Early stage of precipitation
In order to investigate the formation mechanism of these α-dispersoids during
homogenization, the alloy was heated to 400 °C at a heating rate of 0.6 °C min-1, or heated
directly to 460 °C, for 15 minutes. The morphology of the precipitates formed in this early
stage of precipitation is shown in Figure 5.4. Two distinct types of precipitates were
observed, which were long lath-shaped particles along the <100>Al directions and little
block-like particles. The corresponding EDS elemental mapping, as illustrated in Figure
5.5, indicates that the long lath-shaped precipitates contained Al, Mg, Si and Cu, which is
considered to be Q-phase as explained in the discussion section, while Mn was a dominant
element in the little block-like precipitates.

As shown in Figure 5.4(a), the existence of two distinct regions could be observed. It was
found that, in region , the lathe-shaped Q-AlMgSiCu phase was transferred into strings of
Mn-rich precipitates, the details of which is illustrated in Figure 5.4(b), indicating that in
the early stage of precipitation, the Q-phase provided nucleation sites for the strings of little
block-like Mn dispersoids. In contrast to region , the lathe-shaped Q-AlMgSiCu phase still
remained in region , the reason of which will be explained in the following section with
the help of APT. Similar results are also illustrated in Figure 5.4(d), and it is observed that
some Q-precipitates remained unchanged in the surrounding area of the Mg2Si constituent
particle.
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The different stages of the decomposition of Q-phase are shown in Figures 5.6 - 5.8.
According to the EDS elemental mappings in Figures 5.5 and 5.6, the long lathe-like phase
contained Mg, Si, Cu and Al, which was referred to as the Q-phase as mentioned before.
The formation of Mn clusters on the Q-phase was observed at the beginning of the
decomposition. In addition, Cu clusters were found on the Q-AlMgSiCu phase which was
almost decomposed (Figure 5.8), indicating that upon the decomposition of the Q-phase,
Mg and Si atoms first diffused away into the matrix, followed by Cu.

5.3.2.3 Intermediate stage of precipitation
The intermediate stage of precipitation of α-dispersoids was studied after homogenization
of the directly heated alloy at 460 °C holding for 2 hours. As shown in in Figure 5.9, the
small rod-, plate- and little block-like dispersoids were found to be formed at this stage of
precipitation. In addition to these fine dispersoids, several large particles were observed,
which were either located on the grain boundary or in the matrix. According to the
corresponding EDS elemental mappings shown in Figures 5.10-5.12, all the three types of
fine dispesoids contained Si besides Mn, and there was no obvious Fe and Cr existed in
these dispersoids, which illustrates that after Mn cluster formation on the decomposing Qphase, Si atoms subsequently participated, followed by Cr and Fe in the process of αdispersoids formation. The large particles found at this stage could be classified into two
types based on their compositions. Particle 2 was big α-Al(MnCrFe)Si constituent formed
during casting, whereas particles 1, 3 and 4 were large Cu-bearing particles.

5.3.3 APT analyses of precipitation at the early stage
The 3-dimensional atom probe tomography (APT), with the capability of analyzing
materials at the (sub)-nanometer scale, is unique in its ability to measure chemical
composition of individual precipitate and solute segregation.
5.3.3.1 Heating to 350 °C (0.6 °C min-1) or 460 °C (holding 15 min) and quenching
Lath-shaped Q-phase precipitates were observed in the specimen after heating to 350 °C
with a heating rate of 0.6 °C min-1. Figure 5.13(a) shows a typical three-dimensional (3-D)
reconstruction of an analyzed volume in the specimen, and only Mg (red) atoms are
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displayed for clarity. The Q-phase precipitates A and B are delineated by Mg
isoconcentration surfaces. Figures 5.13(b-e) display the proximity histograms showing
concentrations of Al, Mg, Si, Cu, Mn and Cr, which were used to analyze the composition
of Q-phase precipitates as a function of distance normal to the 25 at% Mg isoconcentration
surfaces. The location of the heterophase interface between the Q-phase precipitates and
the Al matrix is indicated by the solid vertical line. On the right- and left-hand sides of the
line, the spatial composition profiles of the Q-phase precipitates and the Al matrix are
displayed, respectively. According to the proximity histograms, the Q-phase precipitates
were rich in Cu, Mg and Si, the chemical composition of which was close to17Al-10Cu46Mg-27Si at%. Compared to earlier reports [22,39,72,73], this composition was rich in
Mg and lean in Al, which is similar to that of Wolverton - Al3Cu2Mg9Si7 (14.3Al-9.5Cu42.9Mg-33.3Si at%) [69], obtained by first-principles calculations. This stoichiometry is
identified as the most stable stoichiometric composition for the Q-phase, containing higher
concentrations of Mg and Si at the expense of Al. In addition, the striking result is definitive
evidence for localized Mn interfacial segregation within ~2 nm of the Al/Q-phase
heterophase interface at this heating condition, as shown in Figures 5.13(c,e).

Figure 5.14(a) demonstrates another typical 3-D reconstruction after direct heating the
specimen to 460 °C holding for 15 minutes, which contains Q-phase precipitates. Q-phase
precipitates are highlighted using a 4.5 at% Mg isoconcentration surface. Compositional
analyses of the Q-phase precipitate using the proxigram methodology, displaying
concentrations of Al, Mg, Si, Cu, Mn and Cr, are shown in Figures 5.14(b,c). The chemical
composition of the precipitate A was approximately 29Al-4Cu-34Mg-32Si at%, similar to
that of Matsuda et al. [77], with quite low concentration of Cu. However, compared to the
precipitates in Figure 5.14, no obviously localized Mn solute segregation at the Al/Q-phase
heterophase interface was detected. According to the APT results, higher concentration of
Mn in the matrix near the Q-precipitates in Figure 5.13 could be obtained, compared with
that in Figure 5.14. Calculations of the amount of Mn in the vicinity of the Al/Q-phase
heterophase interfaces (-2 nm to 2 nm distance from the interfaces) were performed for the
Q-phase precipitates labelled A in Figures 5.13 and 5.14, in order to quantitatively
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differentiate the segregation effect of Mn, which were about 2.2 at%·nm for that in Figure
5.13 and 0.9 at%·nm for that in Figure 5.14, respectively.

Figure 5.15(a) displays another Q-phase precipitate in the 3-D reconstruction in the
specimen after heating to 350 °C at a heating rate of 0.6 °C min-1. Only Mg (red) atoms are
displayed and the Q-phase precipitate is delineated by 1 at% Mg isoconcentration surface.
Composition analyses of the Q-phase precipitate were performed, with the proxigrams
displayed in Figures 5.15(b,c), in which considerable partitioning of Mn to the Q-phase
precipitate could be observed. The Mn partitioning coefficients at positions A (3.95 nm
from the heterophase interface) and B (5.55 nm from the heterophase interface) were
𝑄/𝐴𝑙

calculated to be about 8 and 3, respectively. The Mn partitioning coefficient 𝐾𝑀𝑛 =

𝑄

𝑐𝑀𝑛
𝐴𝑙
𝑐𝑀𝑛

is the ratio of the Mn concentration in Q-phase precipitate divided by its value in the Al
𝑄
𝐴𝑙
matrix, where 𝑐𝑀𝑛
and 𝑐𝑀𝑛
are the concentrations of Mn in the Q-phase precipitate and Al

matrix, respectively. It could be thus predicted that after segregation of Mn at the Q/matrix
interface, the partitioning of Mn to Q-phase could further accelerate the dissolution of Qphase, and the corresponding transformation to Mn-bearing α-dispersoids.
5.3.3.2 Heating to 400 °C (0.6 °C min-1) and quenching
Heating the specimen to 400 °C with a heating rate of 0.6 °C min-1 gave rise to both Qphase precipitates and α-dispersoids, as illustrated in the 3-D reconstructions in Figures
5.16(a,d), in which the presence of Q-phase precipitates and α-dispersoids is indicated by
arrows, and for clarity, only Mg (red) and Mn (green) atoms are displayed, respectively.
Q-phase precipitates are delineated by 20 at% Mg isoconcentration surfaces, while αdispersoids are highlighted by 7 at% Mn isoconcentration surfaces. Compositions of the
Q-phase precipitates and α-dispersoids were analyzed employing the proximity histogram
method as a function of distance normal to the 20 at% Mg and 7 at% Mn isoconcentration
surfaces, respectively, as shown in Figures 5.16(b,c,e,f). The solid vertical lines indicate
the locations of the heterophase interfaces between the Al matrix and the Q-phase
precipitates or the Al matrix and the α-dispersoids. The spatial composition profiles of the
Al matrix and Q-phase precipitates/α-dispersoids are illustrated on the left-and right-hand
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sides of the lines, respectively. The atomic ratio of each precipitate is shown in these figures.
It has been found that the decomposed Q-phase precipitate had the chemical composition
of 17Al-9Cu-45Mg-29Si at%, almost the same as those in Figure 5.13. In addition, the
formation of α-dispersoids proceeded, with the participation of other dispersoids-forming
elements besides Mn, and notably, the atomic ratio of Mn/Si in α-dispersoids was close to
1, which could be kept until the end of the homogenization process.
Figure 5.17(a) demonstrates α-dispersoids in the 3-D reconstruction in the specimen after
heating to 400 °C with a heating rate of 0.6 °C min-1. Only Mn (yellow) atoms are displayed
and the α-dispersoids are delineated by Mn isoconcentration surfaces. The proxigram
methodology was used for the analysis of an α-dispersoid, by which the concentration was
measured with respect to the distance from a 2.5 at% Mn isoconcentration surface. The
proxigrams calculated based on this 2.5 at% Mn isoconcentration surface are displayed in
Figures 5.17(b,c). The chemical composition of the dispersoid is 67.79Al-0.23Mg-12.75Si1.98Cu-16.42Mn-0.70 Cr at% at position A (1.85 nm from the heterophase interface), and
66.37Al-0.22Mg-16.26Si-1.22Cu-15.60 Mn-0.22 Cr at% at position B (5.35 nm from the
heterophase interface). It could be found that the atomic ratio of Mn/Si was also close to 1,
and Mg almost diffused away into the matrix with little Cu remained, indicating its slow
diffusion effect.

5.3.4 Influence of homogenization treatment on mechanical properties
As shown in Figure 5.18(a), after 4 hours of annealing at 550 °C, the dispersoids have
grown in size, while the amount of dispersoids decreased compared to those annealing at
460 °C, due to the increased solubility and diffusion speed of Mn (Cr) at higher temperature,
resulting in faster growth and coarsening of dispersoids. This is confirmed by the electrical
conductivity measurement on the alloy after homogenization at different temperatures, as
shown in Figure 5.18(b). According to Matthiessen’s law [100,193], Mn, Cr and Fe have
relatively greater contributions to increase the electrical resistivity (reciprocal of electrical
conductivity) as compared to other elements. In the alloy studied, nearly all the Fe content
formed constituent particles. The reduction of electrical conductivity after homogenization
at 550 °C compared to 460 °C was due to the increased solubility of Mn (Cr) in the matrix,
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which made plenty of finer dispersoids dissolve into the Al matrix. As described in [15,16],
a remarkable dispersoid strengthening effect can be achieved by the precipitation of a large
amount of fine dispersoids. However, the measured hardness of the alloy after annealing
at 550 °C (with lower amount of dispersoids) was higher than that annealed at 460 °C (with
higher amount of dispersoids), which should be attributed to the increased solute
strengthening as a result of the dissolution of dispersoids and thus the increase of the
concentration of solute elements in solid solution during higher temperature annealing. The
strengthening mechanisms of the alloy will be discussed in the following section.

5.4 Discussion
5.4.1 Formation of Q-phase precipitates
It has been found that the quaternary Q-phase could be formed in a wide variety of Al
alloys, including 2xxx series Al-Cu-Mg-Si alloys, 6xxx series Al-Mg-Si wrought alloys
with Cu additions, and Al-Si-Mg-Cu casting alloys [30]. The crystal structure of Q-phase
is generally considered to be hexagonal, with lattice constants a = 1.035-1.04 nm, c =
0.402-0.405 nm, and 21 atoms per unit cell [69,71,202]. The most detailed description of
the structure was given by Arnberg and Aurivillius [71] based on Th7S12 structure using
single-crystal X-ray diffraction, in which Si atoms took the place of Th atoms, Al and Mg
atoms replayed S atoms, and Cu atoms located at other sites that are not occupied in the
Th7S12 structure. The related Q’-phase is a metastable version of the equilibrium Q-phase
and has the same crystal structure with slightly different lattice parameters and composition
of Al4CuMg6Si6 by Matsuda et al. [77]. The Q-phase usually forms as long laths or rods
with their long axes parallel to <001>Al directions, and {150}Al is generally accepted as the
habit plane [64,74]. The exact stoichiometry has been found to vary between different
studies, for example, stated as Al4CuMg5Si4 [22], Al5Cu2Mg8Si6 [39] and Al4Cu2Mg8Si7
[71] based on analyses of bulk alloys. First principles calculations were also used by
Wolverton [69], which suggested an energetically preferred composition of Al3Cu2Mg9Si7.
Additionally, the compositions of Q-phase in precipitate form have been reported to be
Al5Cu2Mg8Si6 by Cayron et al. [72], and Al3CuMg4Si3 by Biswas et al. [73], respectively.
However, studies of the chemical compositions of the Q-phase precipitates are still limited.
In the current study, STEM with EDS examination of the early stage of precipitation
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indicates the formation of Al, Mg, Si and Cu-containing long lath-shaped particles along
<001>Al directions, as shown in Figures 5.5 and 5.7. 3-D APT analysis of the particles were
also performed in the alloy, presented in Figures 5.13-5.16. According to the lath-shaped
morphology along <001>Al directions and the composition of Q-phase described in
literature [64,69,73,74,77], the long lath-shaped particles observed are believed to be Qphase precipitates formed during heating. Based on the APT results, various chemical
compositions of the Q-phase precipitates were obtained. It was either rich in Mg and lean
in Al, which is similar to that of Wolverton [69], or like that of Matsuda et al. [77], with
quite low Cu concentration. In addition, localized segregation of Mn at the Al/Q-phase
heterophase interface was observed after heating the alloy to 350 °C with a heating rate of
0.6 °C min-1, illustrated by the shape of the Mn concentration profiles in Figure 5.13.
5.4.2 The triggering effect of Mn on the formation of α-dispersoids
As mentioned in Figures 5.4(a,d), two different regions could be identified by using STEM,
and the reason why some lath-shaped Q-phase still remained in region  while most of
them were transferred into strings of Mn-rich nano-sized precipitates in region  could be
explained based on the APT results obtained. In the early stage of homogenization, Mn
tended to segregate to the interface between the Q-phase and the matrix (Figure 5.13) in
Mn-rich region (region ), where the lathe-shaped Q-AlMgSiCu phase was transferred
into strings of Mn-rich precipitates, indicating that excess Mn was essential to induce the
phase transformation from Q-phase to α-dispersoids. In contrast, the lathe-shaped QAlMgSiCu phase remained unchanged in Mn-poor region (region ), where Mn segregation
could hardly occur at the Q/matrix interface (Figure 5.14), since there was insufficient Mn
to trigger the transformation of Q-phase to α-dispersoids. The EPMA results in Figure 5.2(h)
confirmed this analysis, which indicated the non-uniform distribution of Mn in the alloy,
corresponding to the STEM result in Figures 5.4(a,d). Therefore, first in the areas rich in
Mn, segregation of Mn at the Q/matrix interface led to the dissolution of lathe-shaped QAlMgSiCu phase, i.e., triggering the formation of α-dispersoids in the early stage of
homogenization. Lodgaard and Ryum [45] investigated the nucleation mechanism of Mn
and/or Cr-containing dispersoids in Al-Mg-Si alloys. An intermediate phase with
hexagonal structure and rich in Mn and/or Cr, referred to as the ‘u-phase", was considered
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to be the initial stage for formation of the dispersoids. In the present study, Cu was added
into the Al-Mg-Si alloy, in which new phases, e.g., Q-phase, were formed during heating,
and the dispersoids formation mechanism could be thus changed. Based on the results
obtained above, the Q-phase was the precursor phase for the formation of α-dispersoids,
and Mn played a key role during this process.
5.4.3 Formation mechanism for α-dispersoids during homogenization
According to the results obtained above, a description of the formation mechanism for the
α-dispersoids during homogenization could be given. Since the α-dispersoids formed
during homogenization have an incoherent interface to the Al matrix, homogeneous
nucleation are practically impossible, and thus heterogeneous nucleation sites need to be
found. In the current study, during continuous heating, the Q-AlMgSiCu phase was first
precipitated into the matrix, with the driving force of the supersaturation of Mg, Si and Cu.
When reaching ~350 °C, Mn atoms were segregated at the interface between the latheshaped Q-AlMgSiCu phase and the Al matrix in regions highly enriched with Mn, and
subsequently Mn-rich clusters were formed in the place of the Q-phase upon its dissolution,
which acted as the precursor phase for the formation of α-dispersoids. With increasing
temperature, more Mn precipitated from the supersaturated solid solution, and the
precipitation of Mn-rich dispersoids extended to the Mn-depleted regions with the increase
of the diffusion speed of Mn, where lath-shaped Q-phase still remained due to the
insufficiency of Mn to trigger the transformation of Q-phase to α-dispersoids. With the
increase in the temperature and time, α-dispersoids gradually evolved with the participation
of other dispersoids-forming elements besides Mn, and finally the Q-phase precipitates
completely dissolved. Therefore, the final result was a breaking up of the original Q-phase
precipitate into a string of α-Al(MnCrFe)Si dispersoids (Figure 5.3). After nucleation, the
α-dispersoids grew at the expense of supersaturated dispersoids-forming elements in the
surrounding matrix, and some of the block-like α-dispersoids evolved into rods and
platelets. The number density of the dispersoids increased with the increase in temperature
and time, reaching a maximum at ~460 °C (Figure 5.18). At higher temperature, coarsening
occurred, resulting in the number density decrease and size increase of the dispersoids due
to the increase of the solubility of Mn (Cr).
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In the current study, Q-phase was considered to be the precursor phase for the formation
of α-dispersoids, and Mn was essential to trigger the phase transformation from Q-phase
to α-dispersoids. The segregation and partitioning of Mn to Q-phase might be energetically
favorable to induce α-dispersoids formation. Heterophase interfacial Si solute segregation
at the (semi)-coherent Al/’-Al2Cu interface was studied by Biswas et al. [203,204]. Firstprinciples calculations were employed to provide an energetic basis for the measured
segregation behavior. Segregation energy as a function of position relative to the interface
was assessed for each substitution site by Si near the interface in either the Al matrix or the
’-precipitates based on the existed interface structure models, and certain sites were thus
predicted to be energetically preferable for segregation of Si. The energetics of Zn solute
partitioning to the Q-phase from the Al matrix were also assessed using first-principles
calculations by Biswas et al. [73]. In the calculations, the crystal structure and
Al3Cu2Mg9Si7 stoichiometry proposed by Wolverton [69] were adopted, which were
obtained based on first-principles calculations on the partial structure suggested by Arnberg
and Aurivillius [71]. Nine distinct sites regarding Al, Cu, Mg and Si in the unit cell of the
Q-phase were possible sites for Zn substitution, and the partitioning energy of Zn for each
site was calculated. Although the Zn partitioning to the Q-phase was energetically
unfavorable, the partitioning of Mn was probably energetically favorable in the present
study, since Mn automatically diffused into the Q-phase, which was different to the
presence of Zn in Q-phase in [73], explained by trapping of Zn within the Q-phase
precipitate due to slow diffusion after participation of Zn to the nucleation of Q-phase. The
critical role of Mn partitioning in the formation of ordered NiAl nanoparticles in ferritic
steels has been examined by Jiao et al. [205]. Atomistic structural analyses, with the help
of first-principles calculations, revealed a strong thermodynamic driving force favoring Mn
atom partitioning to Al sublattice in NiAl nanoparticles. The similar calculations could be
performed in our study as the next step to provide quantitative explanations of segregation
and partitioning of Mn to the Q-phase, observed in the experimental results, which induced
the formation of α-dispersoids during homogenization process.
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5.4.4 Strengthening mechanisms
In current high temperature homogenization treatments, the evolution of mechanical
properties could be mainly attributed to the synthetic effect of solid solution and dispersoid
hardening, with negligible influence of other strengthening mechanisms. As shown in
Figure 5.18(b), the Vickers hardness (HV0.1) was measured to be 57.6 ± 5.2 and 66.4 ± 2.7
after 4 hours of annealing at 460 °C and 550 °C, respectively. According to the relationship
between the indentation hardness and the flow (yield) stress of materials, HV = 3σflow [206],
the enhanced strength was calculated to be about 29 MPa (3 to 56 MPa based on deviations)
after higher temperature annealing (550 °C).

The strengthening effect caused by dispersoids (dispersoid hardening), due to the Orowan
bowing mechanism, could be estimated by the Ashby-Orowan equation [207]
𝜎𝑃 =

0.84𝑀𝐺𝑏
2𝜋(1−𝜈)1⁄2 𝜆

𝑙𝑛

𝑟

(5.1)

𝑏

where σP is the increase of yield strength; M is the Taylor factor, M = 3.06 for FCC Al; G
is the shear modulus of Al matrix, G = 27.4 GPa; b is the Burgers vector of dislocations in
Al, b = 0.286 nm; ν is the Poisson ratio, ν = 0.33 for Al; and λ is the interspacing of
dispersoids, which depends on the radius r and volume fraction VV of dispersoids
2𝜋

𝜆 = 𝑟(

3𝑉𝑉

1⁄2

)

(5.2)

The volume fraction (VV) of dispersoids was calculated using the same procedure as
described by Li and Arnberg [188] and shown in Equation 5.3
𝑉𝑉 = 𝐴𝐴

̅𝐷
̅
𝐾
(1
̅
̅
𝐾𝐷+𝑡

− 𝐴𝑃𝐹𝑍 )

(5.3)

̅ is the average shape factor of dispersoids, accounting for the shape of the
where 𝐾
̅ is the average equivalent diameter of dispersoids measured from STEM
dispersoids; 𝐷
images, which is defined as the diameter of a circle with equivalent area, and given by
[208],
̅ = 1 ∑ (4𝐴𝑝 )
𝐷
𝑛

1⁄2

(5.4)

𝜋

Where Ap is the dispersoids area; n is the number of measured dispersoids; t is the TEM
foil thickness; and AA and APFZ are the area fractions of dispersoids from STEM observation
̅ was modified to equal
and PFZs from OM measurements, respectively. In this study, 𝐾
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0.41 at 460 °C and 0.38 at 550 °C according to the shape of dispersoids in TEM observations
[188].

By using the measured parameters of dispersoids in the alloy after homogenization at
460 °C and 550 °C holding for 4 hours, the contribution of the dispersoids to the yield
strength could be calculated, which is listed in Table 5.1 with the values of dispersoids
parameters. According to Eqs. (5.3) and (5.4), the yield stress due to dispersoid
strengthening increased with increasing volume fraction and decreasing size of dispersoids.

The solid solution strengthening contribution to the yield stress was determined using the
atom probe results for the concentration of solute atoms in solid solution. The individual
contributions of the solutes are obtained from the recent calculations of Leyson et al. [13]
𝑖 (𝑇)
𝑖
𝜏𝑠𝑜𝑙
= 𝜏𝑦0
[1 − (

𝑘𝑇
∆𝐸𝑏

𝜀̇

2/3

𝑙𝑛 0 )
𝜀̇

]

(5.5)

where
2/3

𝑖
𝜏𝑦0
= 𝑘𝑖 𝐶𝑖

1/3

, 𝐸𝑏 = 𝑘𝑖′ 𝐶𝑖

(5.6)

𝐶𝑖 is the concentration (in at%) of the different solute elements determined from the atom
probe analysis, as shown in Table 5.2, and the values of 𝑘𝑖 and 𝑘𝑖′ are listed in [13]. The
values of 𝜀̇ and 𝜀0̇ have been assumed to be 2 x10-3 s-1 and 107 s-1, respectively [209]. For
the multi-solute case, the zero-temperature strength and characteristic energy barrier are
(𝑖)

𝜏𝑦0 = [∑𝑖(𝜏𝑦0 )

3/2 2/3

]

(𝑖)

3 1/3

, ∆𝐸𝑏 = [∑𝑖(∆𝐸𝑏 ) ]

(5.7)

Using Eqs. (5.5) - (5.7), the flow stress of the alloy, which contains the solutes of Mn, Cr,
Cu, Mg and Si, could be predicted. The predicted shear flow stresses were multiplied by
the Taylor factor, M = 3.06, to obtain the flow stresses values, as shown in Table 5.1.

According to the calculated results (Table 5.1), the general trends for solid solution and
dispersoid strengthening during homogenization were captured, and the predicted strength
change of the alloy after annealing at 460 °C and 550 °C is approximately 5 MPa, barely
lying in the range of the measured change of strength. As mentioned in [13], the presence
of ppm Fe may also have an influence on the strength, which could further increase the
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solid solution strengthening effect in the alloy. However, no peak corresponding to Fe was
observed in APT and this is probably because its intensity was too weak by comparison
with the tail of the Al peak since the Fe concentration in the matrix was extremely low. In
addition, the difference between predicted and experimental flow stresses still exists [13],
and more accurate model for prediction of solid solution hardening effect thus needs to be
developed. In sum, although some improvement should be achieved in the future, the
current predicted results shows generally reasonable agreement with the experiments,
which provides a useful analysis method to quantitatively estimate the solid solution and
dispersoid strengthening effects during homogenization of Al alloys.

5.5 Conclusions
(1)

Three typical morphologies of fine α-Al(MnCrFe)Si dispersoids, i.e., rods, platelets
and fine blocks, were observed in the alloy after 4 hours of homogenization treatment
at 460 and 550 C, respectively. Strings of fine block-like α-dispersoids were also
found after the homogenization treatment at 460 C.

(2)

Mn distributed non-uniformly with a Mn-depleted region surrounding the Mg2Si
constituent at GBs in the as-cast alloy. In the early stage of homogenization, in Mnrich regions, Mn segregated at the interface between the long lath-shaped Q-phase
and the matrix, which triggered the transformation of Q-phase into strings of Mn-rich
precipitates. Meanwhile, Q-phase still remained unchanged in the Mn-depleted
regions without segregation of Mn at the Q-phase/matrix interface. This indicated
that the segregation of Mn was essential to induce the transformation of Q-phase into
α-dispersoids, and that Q-phase was considered to be the precursor phase for the
formation of α-dispersoids.

(3)

With further increase in the homogenization temperature and time, α-dispersoids
gradually evolved, with the participation of other dispersoids-forming elements in
addition to Mn. The atomic ratio of Mn/Si was found to be close to 1 in the αdispersoids when the dispersoids were fully developed.
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(4)

A significant dispersoid hardening effect could be achieved in the alloy after 4 hours
of annealing at 460 C, while after annealing the alloy at 550 C for 4 hours,
strengthening by a higher level of solid solution of alloying elements, such as Mn, Cr,
Fe, Si, etc., played a more important role in determining the strength of the alloy, as
a result of increasing dissolution of dispersoids thereby increasing the supersaturation
of the alloying elements in the alloy at 550 C.
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Table 5.1 Characteristic of dispersoids and various contributions to the yield strength
Condition
460 °C/4 h
550 °C/4 h

Average
equivalent
diameter of
dispersoids (nm)
36
80

Volume fraction
of dispersoids
(vol.%)
0.85
1.29

Dispersoids
contribution to
yield strength
(MPa)
57
38

Solid solution
contribution to
yield strength
(MPa)
19.5
43.5

Table 5.2 Solid solution compositions measured by atom probe after different annealing
treatments (in at%)
Condition

Cr

Cu

Mg

Si

Mn

460 °C/4 h

0.073

0.214

0.564

0.256

0.09

0.049

0.201

0.99

0.381

0.441

°

550 C/4 h
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Figure 5.1 (a) Optical micrograph of the multi-phase dendritic structure in the as-cast
alloy; EPMA maps for the as-cast alloy, (b) SEM micrograph of the alloy at higher
magnification; and EPMA elemental maps: (c) Al distribution; (d) Fe distribution; (e) Cr
distribution; (f) Mg distribution; (g) Cu distribution; (h) Si distribution and (i) Mn
distribution with a line scan along the line.
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Figure 5.2 Dispersoids with different morphologies after homogenization. (a)
Homogenization at 550 °C for 4 hours; (b) homogenization at 460 °C for 4 hours; (c)
rotation by 25 of the same area in (b), some of the dispersoids changed morphology;
EDS mapping of various types of high temperature dispersoids after homogenization at
460 °C holding for 4 hours with a heating rate of 0.6 °C min-1; (d) STEM micrograph
showing dispersoids; (e-j) EDS elemental maps of Al, Mn, Cr, Fe, Si and Cu,
respectively, in the same area as the green frame in (d).
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(a)

Figure 5.3 EDS mapping of a string of little block-like high temperature dispersoids after
homogenization at 460 °C holding for 4 hours with a heating rate of 0.6 °C min-1. (a)
STEM micrograph showing dispersoids; (b-g) EDS elemental maps of Al, Mn, Cr, Fe, Si
and Cu, respectively, in the same area as the white frame in (a).
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Figure 5.4 Morphology of the precipitates in the early stage of precipitation. (a) and (d)
Two distinct types of precipitates - long lathe-like phase and little block-like phase
existed after direct heating the alloy to 460 °C holding for 15 min, and then quenching in
water; (b) magnified decomposed lathe-like phase with small clusters on it; (c) two
distinct types of precipitates existed after heating the alloy to 400 °C with a heating rate
of 0.6 °C min-1, and then quenching in water; (e) EDS of the Mg2Si particle in (d).
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Figure 5.5 EDS mapping of the two types of precipitates. (a) STEM micrograph showing
the precipitates; (b-h) EDS elemental maps of Mn, Fe, Cr, Al, Mg, Si and Cu,
respectively, in the same area as in (a).

(a)

(b)

Figure 5.6 (a) Beginning and (b) end stages of the decomposition of Q-phase.
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(a)

(e)

(b)

(c)

(d)

(f)

(g)

(h)

Figure 5.7 EDS mapping of the beginning of Q-phase decomposition corresponding to
Figure 5.6(a). (a) STEM micrograph showing the phase; (b-h) EDS elemental maps of Al,
Cr, Mn, Cu, Fe, Mg and Si, respectively, in the same area as in (a).

(a)

Q-phase

(b)

(c)

(d)

Mn segregation
(e)

(f)

(g)

(h)

Diffusing Cu

Figure 5.8 EDS mapping of the decomposed long-lath like Q-precipitate corresponding to
Figure 5.6(b). (a) STEM micrograph of the decomposed precipitate; (b-h) EDS elemental
maps of Al, Cr, Mn, Cu, Fe, Mg and Si, respectively, in the same area as in (a).
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Figure 5.9 STEM micrographs showing precipitates after homogenization at 460 °C
holding for 2 hours through direct heating. (a) Low magnification micrograph showing
various types of precipitates; (b-c) higher magnification of areas A and B in (a), showing
large particles and rod-, plate-, little block-like dispersoids.
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(a)

(e)

(b)

(c)

(d)

(f)

(g)

(h)

Figure 5.10 EDS mapping of the precipitates corresponding to Figure 5.9(a). (a) STEM
micrograph of the precipitates; (b-h) EDS elemental maps of Al, Cr, Mn, Cu, Fe, Mg and
Si, respectively, in the same area as in (a).
(a)

(e)

(b)

(c)

(d)

(f)

(g)

(h)

Figure 5.11 EDS mapping of the precipitates corresponding to Figure 5.19(b). (a) STEM
micrograph of the precipitates; (b-h) EDS elemental maps of Al, Cr, Mn, Cu, Fe, Mg and
Si, respectively, in the same area as in (a).
(a)

(e)

(b)

(c)

(d)

(f)

(g)

(h)

Figure 5.12 EDS mapping of the precipitates corresponding to Figure 5.9(c). (a) STEM
micrograph of the precipitates; (b-h) EDS elemental maps of Al, Cr, Mn, Cu, Fe, Mg and
Si, respectively, in the same area as in (a).
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Figure 5.13 3-D reconstruction of the specimen after heating to 350 °C with a heating rate
of 0.6 °C min-1 and quenching. (a) Mg isoconcentration surface delineates two Q-phase
precipitates; (b) and (d) proximity histograms used to analyze the composition of the two
Q-phase precipitates; (c) and (e) proximity histograms showing the segregation of Mn at
the heterophase interfaces of Al matrix/Q-phase precipitates.
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Figure 5.14 3-D reconstruction of the specimen after direct heating to 460 °C holding for
15 min and quenching. (a) Mg isoconcentration surface delineates Q-phase precipitates;
(b) proximity histogram used to analyze the composition of the Q-phase precipitate; (c)
proximity histogram showing the concentration profile of Mn in the vicinity of the
heterophase interface of Al matrix/Q-phase precipitate.
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Figure 5.15 3-D reconstruction of the specimen after heating to 350 °C with a heating rate
of 0.6 °C min-1 and quenching. (a) Mg isoconcentration surface delineates the Q-phase
precipitate; (b) proximity histogram used to analyze the composition of the Q-phase
precipitate; (c) proximity histogram showing the partitioning of Mn to the Q-phase
precipitate.
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Figure 5.16 3-D reconstruction of the specimen after heating to 400 °C with a heating rate
of 0.6 °C min-1 and quenching. (a) and (d) Mn (green) and Mg (red) isoconcentration
surfaces delineate the α-and Q-phases, respectively; (b) proximity histogram used to
analyze the composition of the Q-phase precipitate; (c), (e) and (f) proximity histograms
used to analyze the composition of the α-dispersoids.
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Figure 5.17 3-D reconstruction of the specimen after heating to 400 °C with a heating rate
of 0.6 °C min-1 and quenching. (a) Mn isoconcentration surface delineates the αdispersoids; (b) and (c) proximity histograms used to analyze the composition of the αdispersoid.
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Figure 5.18 (a) STEM micrographs showing formation of dispersoids in the alloy after
homogenization at 550 °C and 460 °C holding for 4 hours (0.6 °C min-1); (b) Vickers
hardness and electrical conductivity of the alloy annealed at different temperatures
holding for 4 hours.
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Chapter 6 Four-point bend fatigue properties of modified AA6061 (Al-Mg-Si-Cu) Al
alloys with various Si contents

6.1 Introduction
Owing to the high strength, favorable formability, good corrosion resistance and lower
costs, 6xxx series Al-Mg-Si(-Cu) alloys such as AA6061 are widely used in automotive
industry to lighten the weights of automobiles and thus improve the fuel efficiency [1].
However, due to dynamic loading over the fatigue limit in service conditions and the
presence of microstructural inhomogeneities such as porosities, inclusions, second phase
particles, grain/phase boundaries and slip bands in engineering metallic materials, the
fatigue properties of Al alloys are important in the design of engineering structures that use
the alloys. Over 90% of the fatigue life of Al alloy components was reported to be
consumed in the initiation and early growth of a dominant fatigue crack, and therefore,
thorough and quantitative understanding of crack initiation behaviors is of paramount
importance for enhancement of the fatigue properties of Al alloys [101-103].

The fatigue crack initiation behaviors in 6xxx series Al alloys has been studied by some
researchers [210-213]. Gungor and Edward [210] investigated the effect of surface texture
on the initiation of cracks in a forged T6 AA6082 Al alloy. It was found that cracks were
initiated predominantly from slip bands on polished specimen surfaces, many of which
were nucleated by subsurface coarse constituent particles (4 - 10 µm). Whereas for forged
surface specimens, crack initiation mainly occurred at large particles (20 - 80 µm) with the
help of surface roughness, including silica, titania or graphite, resulting from the
contamination from the forging process. Zeng et al. [211] conducted fatigue tests on a
6061-T6 Al alloy with the addition of 0.53% excess Mg. The fatigue cracks were mainly
initiated at the root of the small pits due to the severe stress concentration, which were
generated in the electro-polishing after the dropping off of intermetallic particles on the
specimen surface. Grain orientations around the defects also influenced the crack initiation
by considering the angle between the maximum shear stress directions and the favorable
slip planes at the defects root. The very-high-cycle fatigue (VHCF) behavior of a
precipitation hardened Al-Mg-Si alloy was investigated by Takahashi et al. [212]. It was
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suggested that the cracks in smooth specimen were formed within surface persistent slip
bands (PSBs), which were found exclusively in {100} textured grains. Azzam et al. [213]
studied the cyclic fatigue fracture behavior of light poles that were made of the 6063AlMg-Si alloy. It was observed that cracks were easily initiated at the recrystallized grain
boundaries due to a mutually competitive interactions of GB Mg2Si second phase and local
stress concentration coupled with the tendency for the occurrence of slip and sliding
between the neighboring grains. In addition, fatigue crack initiation could be modified by
varying the aging condition [214-217]. For example, Edwards et al. [214] reported that the
slip distribution and grain boundaries under different aging conditions could influence
crack initiation in Al-Mg-Si alloys. A coarse slip distribution in the UA alloy aided crack
nucleation, whereas coarse precipitates on the GBs were potent crack nucleation sites in
the OA alloy. However, despite the studies were carried out, the fatigue crack initiation
behaviors, especially crack initiation at pores, in 6xxx series Al alloys have not been
extensively investigated.

In this chapter, four-point bend fatigue tests were carried out on two modified AA6061-T6
(Al-Mg-Si-Cu) Al alloys with different Si contents to study the effects of porosity on
fatigue crack initiation behavior of the alloys. The S-N curves and number of fatigue cracks
initiated at different stress levels were measured. The fatigue crack initiating pores were
investigated using SEM. The results obtained demonstrated that the tunnel-shaped pores
showed a major effect on the fatigue crack initiation behavior in the alloys.

6.2 Experimental details
The materials used in this work were two modified Mn and Cr-containing AA6061 (AlMg-Si-Cu) Al alloys with different Si contents. The nominal chemical compositions are
shown in Table 6.1. The as-received condition was solution heat treated, water quenched
and peak aged (T6). Its yield and ultimate tensile strengths were measured to be 345 MPa
and 390 MPa for alloy A, and 400 MPa and 435 MPa for alloy B, respectively. In order to
study the fatigue crack initiation behavior of the alloys, four-point bend fatigue tests were
employed on an Instron-8802 servo-hydraulic materials testing machine. The dimensions
of the specimens for the fatigue tests were chosen to be 36.5 mm x 10 mm x 4.6 mm, and
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the testing geometry in the fatigue tests is illustrated in Figure 2.1. The loading and
supporting spans were 6 and 30 mm, respectively, and the testing geometry was optimum
for a uniform stress distribution on the sample surface with the sample thickness of 4.5 4.7 mm, providing the convenience of surface crack measurement and sample preparation,
as the sample surface was flat, and the sample cross-section was uniform as well. Fourpoint bend fatigue tests were carried out at a stress ratio R of 0.1, a frequency of 20 Hz,
with a sinusoidal waveform and at room temperature in laboratory air. The run-out point
was set as 5500000 cycles in S-N curve measurements. Before fatigue tests the surfaces of
the samples loaded in compression during the tests were ground using waterproof SiC
abrasive papers gradually from grit 240 to 1200, followed by mechanical polishing using
alumina powders of 1 µm, 0.3 µm and 0.05 µm in size, respectively, and finally silica
colloidal suspension liquid. The fatigue machine was stopped automatically by setting up
the top limit of sample deflection at about 0.4 mm. As a result, the sample surface still
remained reasonably flat for examining fatigue crack initiation sites on an optical
microscope and to avoid extra crack initiation on the surface due to the sudden release of
energy at final failure. The maximum stress used in these tests ranged from 60 to 110% of
the yield strength of the alloys. Two samples were tested at each stress level and the fatigue
data were the average over the two samples. Optical microscopy (OM) was employed to
count the number of initiated cracks on the surfaces of the fatigued samples. The crack
initiation sites on sample and fracture surfaces were examined using HITACHI S-4300 and
Zeiss EVO MA10 scanning electron microscopes.

6.3 Results and discussion
6.3.1 Microstructure and pore size distribution
As shown in Figures 6.1 and 6.2, pores were observed in the two modified AA6061-T6 Al
alloys. After statistical quantification from optical micrographs taken randomly from wellpolished specimens using software ImagePro, it was measured to be the average pore
diameters of 3.2 and 2.64 µm, the average area fractions of the pores of 0.24% and 0.35%,
and the average pore densities of 218 and 449 mm-2 for alloys A and B, respectively. Figure
6.3 shows the histogram plot of pore size distribution. It is evident in Figure 6.3 that the
size of the pores found in these alloys was quite small that was mostly below 10 µm in
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diameter. The size distributions of the pores responsible for fatigue crack initiation are
presented in Figure 6.4. The mean valuse of initiation pore size were found to be 7.7 and
6.2 µm in alloys A and B, respectively. Evidently, the pores that were fatigue crack
initiators were generally the larger ones among the porosity population which shows the
presence of a low number density of large pores. Similar results were reported by other
researchers [152]. It should be noted that the pore sizes were measured from the twodimensional (2-D) metallographic samples, which were highly dependent upon where the
random section was made, leading to the underestimation of the average sizes of the pores
present in these alloys [218]. In addition, an experimental error in detecting the pores might
be caused, because small amount of undissolved Mg2Si particles, also shown in black color
on optical micrographs, might be mistakenly counted as pores by the software [219]. As a
result, the measured number of pores could be larger than the actual value. In order to
obtain more reasonable results, methods to characterize the 3-D morphology of the pores
for the measurement of the pore size should be developed in the future.

The SEM observation demonstrated that the majority of Mg2Si and AlCuMgSi phases
dissolved into the Al matrix, and α-Al(FeMnCr)Si phase became fragmented and
spheroidized as illustrated in Figure 6.5. With the help of EDS in SEM, the chemical
compositions of the second phase particles were analyzed, which showed the existence of
fragmented α-Al(FeMnCr)Si phase and small amount of undissolved Mg2Si phase in the
alloys.

6.3.2 S-N curves and crack population
The maximum stress and logarithm of cycles to failure (S-N) curves of the two modified
AA6061-T6 Al alloys were measured by four-point bend tests and plotted in Figure 6.6. In
general, the fatigue life increased as the stress level decreased. The scatter in fatigue life
was because all failures were observed to initiate at pores. The fatigue limits could then be
determined to be approximately 243.6 MPa and 280.6 MPa for alloys A and B, respectively.
It can be seen that alloy B had a fatigue limit higher than that of alloy A, which was
consistent with their tensile properties that the yield and ultimate strengths (435 MPa and
400 MPa) of alloy B were higher than those (345 MPa and 390 MPa) of alloy A. No cracks
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were observed on the specimens’ surfaces which fatigued bellow the fatigue limit, and
cracks were often found after the fatigue tests at a stress level over the fatigue limit, as
shown in Figure 6.7, which were initiated predominantly from pores in surface. Porosity
in the alloys could influence the fatigue limits of the alloys, which might have different
effects on different stages of the fatigue process. The effects of pores on the crack initiation
behaviors in the two alloys will be described in the following sections.

Figure 6.8 shows the number of cracks generated on the surfaces of the fatigued samples
at failure with regard to the applied maximum cyclic stress in the two alloys. The number
of cracks found on surface was very small (1~3) and barely increased with the applied
stress when the applied stress was below the yield strength. However, it was increased
sharply with the increase of the applied stress to approximately the ultimate tensile strength.
In addition, alloy A (low Si content) had much less weak-links at UTS than alloy B (high
Si content), indicating that partial melting (i.e., overheating) of Si-containing phase led to
the formation of micro-pores, as described in the following section. Although pores were
the predominant crack initiation sites, only a very small percentage of them was found to
lead to crack formation. It is therefore significant to understand the factors that determine
crack initiation from pores in the alloys.

6.3.3 Crack initiation characteristics
Figures 6.7 and 6.9 represent the fatigue crack initiation sites in the fatigue samples of the
two alloys, obtained by scanning electron microscope. As shown in Figure 6.7, several
small cracks were observed on the surface of the fatigued sample after four-point-bend test.
These cracks were mainly initiated at pores (Figure 6.9), which might be formed during
solidification or due to melting of the Si-containing particles during homogenization.
Porosity could be formed during solidification, which may originate from hydrogen gas
evolution, microshrinkage, or a combination of both [1,151]. Shrinkage pores results from
insufficient metal flow into the space between connected dendrites during the solidification
process, while gas pores (mainly hydrogen) attribute to the decrease in gas solubility in
solid metal compared to the liquid during solidification. The shrinkage pores have very
irregular three-dimensional shapes and varied sizes, whereas the gas pores are usually
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roughly spherical (circular in cross-section). Shrinkage pores are observed as groups of
pores surrounded by primary dendrites and eutectic phase, and gas pores are found as
isolated entities. However, the distinction of shrinkage vs. gas pores in a given casting
sample is not always straightforward and difficult to make. An example of typical
shrinkage and gas pores in the alloys studied in as-cast state is shown in Figure 6.10. Other
pores formed during casting are illustrated in Figure 6.11. Melting of the Si-containing
particles (i.e., overheating) could also cause porosity in the alloys during high temperature
annealing that had a negative impact on the mechanical properties of the alloys [220]. It is
interesting to note the sharp increase in porosity after homogenization at 560 ºC for 4 hours,
as shown in Figure 6.12, indicating the formation of micro-pores was very likely due to the
overheating. The melting at the temperature of 560 ºC was most likely caused by the
following reaction [221]: Al + Si + Mg2Si → Liquid, as illustrated in Figure 6.13. This can
explain the higher density of pores in alloy B than in alloy A, since alloy B had more Si
content to form Si-containing particles during casting. Figures 6.9(k,l) illustrate the
existence of other minor crack initiation sites. Small cracks could also initiate from an
Mg2Si particle (Figure 6.9(k)) or the interface between Mg2Si particle and Al matrix
(Figure 6.8(l)), indicating that the particle or interface was weak and prone to be cracked
or debonded during the fatigue cycling. In addition, all the cracks observed did not grow
simultaneously. Only a minority of cracks could grow into long cracks.

6.3.4 Fractography
The fatigue fracture surfaces of the two T6 Al alloys were examined using scanning
electron microscopy to identify the crack initiation sites. Figure 6.14 shows a global view
of the broken specimen in the condition of high stress (110% σy) with evidence of multiple
initiation sites at different pores with the details presented in Figure 6.15. Other critical
pores where fatigue cracks were initiated in different conditions are illustrated in Figure
6.16. It was observed that the pores responsible for fatigue crack nucleation were generally
located at or very close to the specimen surface due to the high stress concentration
introduced at these pores which were almost always aspheric in shape with the larger
dimension in depth from the sample surface. These pores gave rise to an inhomogeneous
distribution of stresses and strains at the micro-scale, and the local micro-stresses were
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higher than the average and might exceed the local yield stress in specific regions around
the pores. The magnitude of this micro-plastic deformation was dependent on both the farfield stress level and the nature of the pores. Under cyclic loading, with increasing number
of cycles the micro-plastic deformation could be accumulated to a critical local value which
was large enough to initiate fatigue cracks. As described by Zhang et al. [110], the pore
size distribution could not be directly used to evaluate the fatigue crack initiation behaviors
in the alloy, meaning that cracks could be nucleated from smaller pores instead of larger
ones on the surface. In addition, crack nucleation might not even be associated with the
pores on the surface, and it could be caused by the pores in the subsurface. Analogous to
coarse second phase particles in high strength wrought Al alloys [222], many factors such
as the size, shape, orientation, surface distance as well as nearest-neighbor distance of pores
have a synthetic influence on the initiation of fatigue cracks in the Al alloys, which
indicates the strong 3-D character of the damage mechanism. Further work thus needs to
be done to understand the factors that determine crack initiation from pores in the alloys.

6.4 Conclusions
(1)

The micro-pores were observed and statistically characterized in the two modified
AA6061-T6 Al alloys with various Si contents. The average diameters of the pores
on the surface were 3.2 and 2.64 µm, the average area fractions of the pores were
0.24% and 0.35%, and the average pore densities were 218 and 449 mm-2 for the
alloys with low and high Si content, respectively. These pores were formed during
solidification or due to overheating that partially melted the Si-containing particles at
GBs in the alloys during homogenization.

(2)

The fatigue limits were measured to be approximately 224 and 283.5 MPa for the
alloys with low and high Si content, respectively, at a run-out number of 5.5 x 106
cycles in four-point bend fatigue tests.

(3)

The number of cracks observed on surface was found to be very small (1~3) and
barely increased with the applied stress when the applied stress was below the yield

124

strength. However, it was increased sharply with the increase of the applied stress to
approximately the ultimate tensile strength.

(4)

The fatigue crack initiation behaviors of the alloys were dramatically influenced by
the tunnel-shaped pores in the alloys. Fatigue cracks were predominantly initiated at
the pores at or very close to surface, which were always aspheric in shape with the
larger dimension in depth from the sample surface, with the minority of the cracks
being initiated at the second phase Mg2Si particles or at the interface between the
Mg2Si particles and the matrix.
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Table 6.1 The chemical compositions of Al-Mg-Si-Cu alloys studied in the present work
(in wt%)
Alloy
A
B

Mg
0.81
0.85

Si
0.80
1.24

Cu
0.43
0.43
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Mn
0.64
0.63

Cr
0.26
0.26

Fe
0.15
0.15

(b)

(a)

Figure 6.1 Pores in the two modified AA6061-T6 Al alloys. (a) Alloy A and (b) alloy B.
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2 µm
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(d)

Figure 6.2 SEM micrographs showing pores in (a) and (b) alloy A and (c) and (d) alloy B
in T6 state.
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Figure 6.3 Histogram plot of pore size distribution in (a) alloy A and (b) alloy B in T6
state.
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Figure 6.4 Histogram plot of measured crack initiation pore size distribution in (a) alloy
A and (b) alloy B in T6 state.
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Cnt

Figure 6.5 EDS spectra of the particles in the modified AA6061-T6 Al alloys.

480

Alloy A
Alloy B

440

Maximum stress (MPa)

400
360
320
280
240
200
160
5

6

10

10

7

10

Number of cycles to failure (logN)

Figure 6.6 S-N curves of the two modified AA6061-T6 Al alloys.

129

Figure 6.7 Surface cracks initiated from pores at stress level of 110% σy in alloy B.

Average of alloy A 1 & 2
Average of alloy B 1 & 2
Alloy A 1
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Figure 6.8 Crack numbers at different maximum stresses in the two modified AA6061-T6
Al alloys.
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(g)
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(j)

(k)

(l)

Figure 6.9 SEM micrographs showing fatigue crack initiation sites. (a)-(j) Cracks
initiated at pores; (k) a crack initiated at a Mg2Si particle; (l) a crack initiated at the
Mg2Si particle/matrix interface.
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(a)

(b)

Figure 6.10 (a) Shrinkage pore and (b) gas pore in as-cast state of the alloys.
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(b)

(a)
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Figure 6.11 Pores in as-cast state of the alloys.
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(a)

(b)

500 µm

500 µm

Figure 6.12 Porosity in alloy B (a) in as-cast state and (b) after homogenization.

(a)

(b)

Figure 6.13 Melting of the Si-containing particles after homogenization at 560 ºC for 4
hours.

Initiation site #1

#2

#3

1 µm

Figure 6.14 SEM observation of a fracture surface showing the coalescence of fatigue
cracks initiated at different pores in alloy A in high stress (110% σy) condition.
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Figure 6.15 SEM observation of fracture surfaces showing the details of the fatigue crack
initiation pores in Figure 6.13.
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Figure 6.16 SEM observation of fracture surfaces showing the details of the fatigue crack
initiation pores in (a) alloy A in low stress (80% σy) condition; (b) alloy A in high stress
(110% σy); (c) and (d) alloy B in high stress (110% σy) condition.
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Chapter 7 Numerical modeling for fatigue crack initiation in a modified AA6061 (AlMg-Si-Cu) Al alloy

7.1 Introduction
As described in the first chapter, finite element analysis (FEA) method was used in various
cast Al alloys to study the effects of porosity (pore size, pore position, pore shape and
clustering) on fatigue crack initiation behaviors [155,157,161,165,167-171]. However, the
quantitative analysis of the correlation of microstructure (pores) with the fatigue crack
initiation behaviors in 6xxx series Al alloys is still scare and far from satisfaction. In this
chapter, the relationship of the fatigue crack incubation life with the pore position was
analyzed by a 3-D finite element analysis in a modified AA6061 Al alloy. The pores were
assumed to be 7 µm in diameter for simplicity in the model. A 3-D pore-sensitive model
was consequently developed to quantitatively identify the effects of pores on the fatigue
crack initiation behavior in the alloy. The details of the FEA and Matlab simulations were
introduced.

7.2 Details of numerical modeling
7.2.1 FEA modeling for crack initiation from pores
The stress and strain fields around a micro-pore were quantified as a function of pore
position in depth from the surface using a three-dimensional (3-D) finite element model
under different stress levels in a modified AA6061 Al alloy (alloy B in Table 6.1), which
was developed by the commercial finite element analysis (FEA) software ABAQUS 6.11.
In the FEA model, the alloy was assumed to be an elasto-plastic isotropic solid with a
Young’s modulus of 65 GPa and Poisson ratio of 0.3. Experimentally determined value of
yield stress of 400 MPa was used for the alloy. The engineering stress-strain relationship
was measured from tensile tests at room temperature, as shown in Figure 7.1(a). Based on
the experimentally measured tensile stress-strain curve, the constitutive behavior of the
material could be simulated by the cyclic stress-strain curve which was modeled with a
nonlinear isotropic hardening law.
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The pores used in the model were spherical in shape, for simplicity, with the same size of
7 μm in diameter to avoid the time-consuming simulation of pores with irregular shape.
This size of the pores was assumed since the average size of the crack initiation pores was
around 7 μm in diameter based on the pore size distribution measurement shown in Figure
6.3. As shown in Figure 7.2(a), the alloy was in a shape of a cube of 70 μm3, and a spherical
micro-pore, 7 μm in diameter, was located in the middle of the alloy. Because of the
symmetry of the structure, only a quarter of the pore in a quarter of the alloy was used in
FEA simulation to minimize the calculation time. The maximum cyclic stresses of 80%,
100% and 110% of the yield stress were applied along the X axis of the cube as a sinusoidal
wave with an R ratio (R = σmin/σmax) of 0.1, respectively (Figure 7.1(b)). In the FEA
modeling, the global mesh was used for the whole material and the region surrounding the
pores was modelled with a refined mesh to increase the accuracy of the calculation of stress
and strain fields around the pores. The position of a pore in the matrix is illustrated in
Figure 7.2(b). The distance between the pore origin and the free surface was defined as D,
and the pore radius was r. The D/r ratio was used to represent the pore location in Z
direction. When the pore center was inside the surface, D was negative; otherwise, it was
positive. With D/r = 1, 0, and -1, the pore was located just below the surface, half inside
the alloy and totally out of the surface, respectively. In the present work, the pore locations
were assumed to be in the range of 0 to 2 in D/r, since the effect of pore position on the
stress concentration around the pore was relatively small when D/r < 0 or D/r > 2 [62,167].

The local stress/strain distributions around pores were calculated and the results were
presented in terms of normalized maximum principal stress (σmax/σnss) and strain (εmax/εnss)
where the superscripts ‘nss’ represent the nominal far-field values. The stress and strain
concentration factors due to a pore were denoted by 𝐾𝑡,σ = σmax/σnss and 𝐾𝑡,ε = εmax/εnss
respectively. In the range of elastic deformation, 𝐾𝑡,σ and 𝐾𝑡,ε had the same value. Whereas
𝐾𝑡,ε was greater than 𝐾𝑡,σ if the local plastic deformation occurred around the pores. In the
present model, the effective plastic concentration factor, 𝐾𝑡, defined as the geometric mean
value of 𝐾𝑡,σ and 𝐾𝑡,ε (𝐾𝑡 = √𝐾𝑡,𝜎 𝐾𝑡,𝜀 ), was used to represent the stress/strain concentration
around the pores, since yielding could occur due to sufficiently high local stress. The stress
and strain were analyzed after 30 cycles because of their corresponding stable values.
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7.2.2 Prediction of crack incubation life
The application of the Manson-Coffin law is a traditionally useful method to predict the
fatigue life of a material under a strain-controlled fatigue experiment, which relates the
number of strain reversals to fatigue failure to the applied plastic strain amplitude. It was
found that the fatigue crack initiation can be evaluated by the plastic strain accumulated
around the crack nucleation site. Nowadays, a modified Coffin-Manson equation was
developed to calculate the fatigue crack incubation life when the cross-section of the
material is scaled down to a microscopic range, which is expressed as [168]
𝛼
𝐶𝑁𝑖𝑛𝑐
=

𝑝∗

∆𝛾𝑚𝑎𝑥

(7.1)

2

𝑝∗

where 𝑁𝑖𝑛𝑐 is the incubation life of a fatigue crack at a micro-pore, ∆𝛾𝑚𝑎𝑥 is the local
maximum cyclic plastic shear strain range around a micro-pore, and C and α are materials
constants which were determined from experimental S-N data. For an AA6061-T6 Al alloy,
α = -0.95, and C = 0.3 [223], which was used in the current modelling.

For example, the crack incubation life at a surface pore could be estimated by the modified
Coffin-Manson equation in cast Al alloys [155,168], in which finite element model was
𝑝∗

employed to calculate the local maximum cyclic plastic shear strain range ∆𝛾𝑚𝑎𝑥 . In this
work, the incubation life of a fatigue crack nucleated at a surface pore was estimated using
the modified microscopic-scale Coffin-Manson equation. 3-D FEA was applied to
𝑝∗

calculate ∆𝛾𝑚𝑎𝑥 by averaging the plastic shear strain range over a cross-section that was
equivalent to the micro-crack plane, the procedure of which is illustrated in Figure 7.3. The
𝑝

contours of the simulated maximum plastic shear strain 𝛾𝑚𝑎𝑥 around a surface pore is
illustrated in Figure 7.3(a), in which the “+” and “-” signs represent clockwise and anticlockwise directions of the shear strain, respectively. Figure 7.3(b) shows the region to
𝑝∗

average ∆𝛾𝑚𝑎𝑥 that was the area LMN on the critical plane close to 45 degree with the
loading direction, which was selected by the maximum absolute value of the shear strain
in dark blue color. The intercept line (MN) between the free surface and the critical plane
was set to be 1.5 μm [167], and the tangent line (NL) with the pore was then determined.
The area LMN varied with pore positions and the applied cyclic stresses. Based on the
𝑝

𝑝

contour of 𝛾𝑚𝑎𝑥 on the critical plane, 𝛾𝑚𝑎𝑥 in region LMN could be determined, and
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𝑝∗

𝑝

∆𝛾𝑚𝑎𝑥 was thus calculated by averaging 𝛾𝑚𝑎𝑥 range over the area LMN. Figure 7.4 shows
𝑝

the simulated maximum cyclic plastic shear strain 𝛾𝑚𝑎𝑥 in the region surrounding a micropore after 50 cycles, which was generally stabilized after 20 cycles. In the present study,
the values between 25 and 30 cycles were used for the calculation of the local maximum
𝑝∗

cyclic plastic shear strain range ∆𝛾𝑚𝑎𝑥 .
7.2.3 3-D pore-sensitive model for crack initiation
A quantitative model, which took into account the 3-D effects of pores on the local
stress/strain fields in surface, was applied to quantification of the fatigue crack population.
In order to construct a 3-D digital pore structure, the stereology theory was applied to
determine the 3-D volume fraction of the pores from the 2-D area fraction of the pores
measured experimentally in the alloy, which shows that the volume fraction of a second
phase (pores) in a 3-D specimen equals the area fraction of the second phase (pores) on the
randomly selected surface of the specimen. The basic process to quantify fatigue crack
initiation behavior in the modeling is summarized as follows [167].

(1) The area fraction of porosities was experimentally measured from more than 100 optical
micrographs randomly taken from 12 well-polished specimens at magnification of 200x;
(2) The area number density of pores was converted into volume number density using the
stereology principle that the pores volume fraction ≈ measured area fraction of pores;
(3) A 3-D digital pore structure was constructed by random distribution of spherical pores
in a cube of 1,000×1,000×1,000 μm3, as shown in Figure 7.5(a) [167];
(4) The free surfaces were randomly selected by more than 1000 times cross-sectioning
through the digital pore structure, as illustrated in Figure 7.5(b) [167];
(5) The position of each pore and area fraction of pores on each surface and around the
surface within [0, 2] of D/r were collected;
(6) The averaging area fraction of surfaces from simulations and the experimental area
fraction was compared to verify the model stability;
(7) Crack population from surface pores was quantified;
(8) The simulated results and experimental results were compared for validation of the
model.
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Only single-sized pores of 7 μm in diameter was employed in the 3-D digital pore structure
to avoid the overwhelming computing time required for the calculation of crack incubation
life at each pore with different sizes. The total area fraction of pores was measured from
more than 100 optical micrographs that were randomly taken from well-polished
specimens at magnification of 200x, which was 0.352% in the alloy studied. The
corresponding number of pores in the 109 μm3 cube was thus calculated to be 16932,
namely, the volume number density was 16.932 x 10-6 μm-3 through the conversion using
stereology theory. These pores were randomly distributed into the cube under the condition
that two pores were more than one radius apart between the edges of the pores to avoid
pore clustering effect. The pore area fraction was determined by averaging the simulated
value on each randomly selected cross-section through the cube over the number of
sampling (i.e., sample size). As shown in Figure 7.5(c), the difference between the
experimental and simulated pore area fractions on surface was only 0.1% when the
sampling size was greater than 1000, meaning that the simulated pore structure was
consistent with the experimental measurement in terms of the total pore area fraction. In
other words, in order to provide a consistent pore structure with an area fraction of 0.352%
on the randomly selected cross-sections, the volume of the digital pore structure
constructed in a single sampling should be equal to or more than 1×1012 µm3.

7.3 Results and discussion
7.3.1 The stress and strain distributions around a surface pore
𝑝

The distribution of the Von Mises stress (σmises) and the maximum plastic shear strain (𝛾𝑚𝑎𝑥 )
around a spherical pore in the free surface at the maximum applied cyclic stress of 80% σy
and D/r = 0 is shown in Figure 7.6. The red color represents the maximum stress contour
around the pore, which occurred on the plane normal to the loading direction. Whereas the
maximum plastic shear strain contour around the pore appeared as the blue color that was
near the sample surface and on the plane through the pore origin and close to 45 degree
with the loading direction. The local maximum Mises stress was calculated to be 338.8
MPa that was lower than the yield strength because of the low applied stress and the pore
location that was not close enough to the surface, meaning that plastic deformation could
not occur around the pore under this condition, although stress concentration existed.
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7.3.2 Effect of pore position on stress/strain concentration
The relationship between pore position and stress/strain concentration at various applied
cyclic stresses for the pore with 7 µm in diameter was analyzed. Figure 7.7 plots the
effective plastic concentration factor (Kt) around a pore with regard to the pore depth from
the sample surface at the stress levels of 80% σy, 100% σy and 110% σy, respectively. The
Kt plots appeared to be approximately axial symmetrical on both sides of the pore position
of D/r = 1, showing the highest values at D/r = 1, i.e., when the pore was just buried beneath
the free surface. The peak value of Kt was >= 10, from which the values dropped quickly
and was subsided to almost a constant value of 1.2 when D/r > 2 or D/r < 0.

7.3.3 Effect of pore position on driving force and incubation life
𝑝∗

The maximum shear strain range (∆𝛾𝑚𝑎𝑥 ) was considered to be the driving force for fatigue
crack formation at a pore, which is plotted against the pore position in depth from the
surface at the applied maximum cyclic stresses of 80% σy, 100% σy and 110% σy,
𝑝∗

respectively, as shown in Figure 7.8. The ∆𝛾𝑚𝑎𝑥 curves showed extreme values at D/r = 1
𝑝∗

which was increased with increased applied stress, and the values of ∆𝛾𝑚𝑎𝑥 decreased very
sharply to almost zero when the pore was away from the position of D/r = 1, meaning the
existence of very narrow range of D/r in which fatigue crack initiation at pores might occur.

The fatigue crack incubation life at each pore in the surface and subsurface was estimated
by the micro-scale Manson-Coffin equation. As shown in Figure 7.9, the crack incubation
life (Ninc) was lowest at the pore position of D/r = 1 due to a much higher strain
concentration generated at this position. By fitting the curves in Figure 7.9, Ninc at various
stress levels could be estimated as a function of pore depth from the surface (D/r) by
𝑁𝑖𝑛𝑐 = (𝑎1 ×

{

𝑁𝑖𝑛𝑐 = (𝑏1 ×

𝐷
𝑟
𝐷
𝑟

+ 𝑎2 )𝑎3 ,
+ 𝑏2 )𝑏3 ,

𝐷
𝑟
𝐷
𝑟

≤1
>1

}

(7.2)

where 𝑎1 , 𝑎2, 𝑎3 , 𝑏1, 𝑏2, 𝑏3 are constants, which vary with the applied cyclic stress, as
shown in Table 7.1.
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7.3.4 Crack population vs stress
The critical crack incubation life (Ninc) in modelling was selected to be 90% of the
experimentally measured fatigue life, since it was reported that the initiation of microcracks
covered over 90% of the fatigue life under high-cycle fatigue condition. The fatigue crack
incubation life as a function of pore position (D/r) at 100% σy stress level was shown in
Figure 7.10, in which the critical crack incubation life was indicated as the dash line that
was 90% of the experimentally measured fatigue life (4.6262 in a log scale) of the alloy.
The corresponding critical range of the positions of those crack initiation pores at 100% σy
applied cyclic stress is illustrated by the window between points A and B, which was
calculated to be from 0.98852 to 1.01326 in D/r. This critical range of D/r was also
calculated for the applied stress levels of 80% and 110%, respectively. It was found that
the critical range of the pore in depth, within which a fatigue crack could be initiated, was
very narrow and became a little wider at a higher applied cyclic stress than a relatively low
applied cyclic stress.

The number of cracks were quantified in the alloy with a pore area fraction of 0.352% after
running the model 1000 times at different stress levels. Figure 7.11 plots the quantified
number of cracks obtained by the model against the maximum cyclic stress normalized by
the yield strength of the alloy, together with the experimental results. It is shown that the
simulated results were consistent with those experimentally measured when the applied
maximum cyclic stress was below the yield strength. However, the model could not
demonstrate the sudden increase in crack population at UTS, as observed in the
experiments.

Many factors such as pore size, morphology, location, orientation as well as clustering,
may exert an influence on the imitation of a fatigue crack [157,165]. In order to study these
effects, finite element analysis was employed in Al alloys. In cast A356-T6 Al alloy
[156,157,161], it was reported that the stress concentration around a pore was certainly
dependent on the geometric shape of that pore, and a high stress concentration was
generated around the concave roots of the pores in between the secondary dendrite arms,
where fatigue damage accumulated and, eventually, a fatigue crack was formed. It was also
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found that the closer the pore was to the specimen surface, the higher the stress
concentration. A pore that intersected the surface induced the highest stress concentration.
For pores either near or at the surface, both the strain and stress concentration factors
increased with pore size, meaning that compared to a small surface pore, a larger surface
pore was more likely to initiate a fatigue crack due to the higher induced stress and
accumulated plastic strain. In cast Al-Si-Cu alloys, shrinkage pores were revealed to be
prone to act as crack initiation sites due to their 3-D complex morphology with high stress
concentration factor, through the application of Computer-Tomography (µ-CT) and FE
simulations [170]. The effects of pore position in depth, pore orientation, pore size and
pore clustering on the stress field around a pore was studied by Xu et al. [165] in a cast 713
Al-Zn alloy. It was found that the stress and strain concentrations increased sharply when
a pore intercepted the free surface or with the decrease in distance between two pores in
the surface when they were within one radius apart in the direction perpendicular to the
loading axis. By tilting an elongated (ellipsoidal) pore in the surface, the stress/strain was
further increased. The stress/strain was much higher at the intercept point where the pore
intercepted the free surface at an acute angle than the intercept point at an obtuse angle.
Increasing the pore size could increase the zone of high stress/strain concentration around
the pore in the surface. From a continuum standpoint, the primary driving force for fatigue
𝑝∗

crack formation is assumed to be the local maximum plastic shear strain range (∆𝛾𝑚𝑎𝑥 )
with respect to all possible shear strain planes [155,168]. The fatigue crack incubation life
could be evaluated based on local Coffin-Manson equation. In cast A356-T6 Al alloy, it
𝑝∗

was revealed that larger pores and smaller pore spacing resulted in higher ∆𝛾𝑚𝑎𝑥 , and thus
lower fatigue crack incubation life. As the pore moved away from the free surface to the
𝑝∗

inside of the material, ∆𝛾𝑚𝑎𝑥 decreased and Ninc increased rapidly [155]. It was also
reported that the shape of voids was proposed to have a relatively small effect on the driving
force for fatigue crack formation, whereas the size of voids had a significant influence on
the driving force. In a quantitative 3-D pore-sensitive model for an A713 Al alloy [167],
both stress/strain concentration and driving force increased (incubation life decreased)
when a pore was located closer to the surface, which were also ascended with the increase
in the applied cyclic stress and strain. A sharp increase of driving force occurred in pore
size from 5 to ~100 μm in diameter, followed by almost a plateau, meaning that the crack
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incubation life was remarkably decreased with increase in pore size from 5 µm to 100 µm
and almost saturated when the pore size > 100 µm.

In the present study, the single-sized pore-sensitive model developed by Yang et al. [167]
was applied to investigate the effect of porosity on the fatigue crack initiation behavior in
the modified AA6061 Al alloy. The pores in the alloy were simplified to be ideal spherical
in shape with a diameter of 7 µm. The critical ranges of pore positions for crack initiation
were calculated to be quite narrow at all applied stresses without much increase with the
increase of the applied stress, outside which nearly no driving force for crack initiation
𝑝∗

(∆𝛾𝑚𝑎𝑥 ) existed (Figures 7.8-7.10), resulting in the nearly same low probability of pores
located in the critical ranges of positions no matter at low or high stress level. This might
due to the use of ideal spherical pores with only one size of 7 µm in diameter. The
experiments illustrated that the crack initiation pores were always aspheric in shape with
the larger dimension in depth from the sample surface, and therefore, the consideration of
only pore position effect was not enough to describe the crack initiation behavior in the
alloy. Other factors such as pore size, shape and orientation should also be considered in
simulating fatigue crack initiation at the pores near surface in the model. In the future,
methods to characterize the 3-D morphology of the pores should be developed to
incorporate the effects of location, size, shape and orientation of the pores into the model.
Computer-Tomography (µ-CT) coupled with finite element analysis (FEA) enables the 3D characterization of defects and cracks, which may provide a new insight into the fatigue
analysis of the alloy studied. Focused ion beam (FIB) may also be employed to characterize
the 3-D geometries of pores, which has been used in high strength Al alloys to understand
the 3-D effect of constituent particles on fatigue crack nucleation behavior [224]. Although
this could be very time-consuming to calculate the crack population in the alloy, it would
still be desirable, in order to simulate the fatigue crack initiation more accurately in the
alloy.

7.4 Conclusions
(1)

FEA results demonstrate that both the stress/strain concentration factors (Kt) and
𝑝∗

crack initiation driving force ( ∆𝛾𝑚𝑎𝑥 ) around a micro-pore increased (fatigue
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incubation life decreased) with decreasing the distance between the pore and the alloy
surface. They reached peaks when the pore was just buried beneath the surface (i.e.,
at D/r = 1) in the modified AA6061-T6 Al alloy. The critical ranges of pore positions
for crack initiation in surface were very narrow for all applied stress levels without
much increase with the increase of the applied stress. No cracks could be initiated
𝑝∗

outside the critical range as ∆𝛾𝑚𝑎𝑥 was effectively too small.
(2)

The population of fatigue cracks initiated at various applied cyclic stresses was
quantified using a 3-D pore-sensitive model which computed crack initiation life with
a micro-scale Manson-Coffin equation, assuming that pores were all in the same size,
7 μm in diameter. The simulated results were consistent with those experimentally
measured when the applied maximum cyclic stress was below the yield strength.
However, the model could not capture the sudden increase in crack population at UTS,
which was likely to be due to the fact that the effects of pore shape and size were not
considered in simulating fatigue crack initiation at the pores near surface in the model.
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Table 7.1 Parameters used in Equation 7.2 for different applied stresses
Applied
stress
80%σy
100%σy
110%σy

𝑎1
-2.41739E7
-1.41908E11
-2.12201E11

𝑎2
2.42178E7
1.41916E11
2.12208E11

𝑎3
0.11956
0.0722
0.0695
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𝑏1

𝑏2

𝑏3

8.46655E7
1.96906E8
1.73005E8

-8.46115E7
-1.96857E8
-1.72969E8

0.11484
0.10354
0.10179

Figure 7.1 (a) Tensile stress-strain curve measured in the modified AA6061-T6 Al alloy;
(b) the sinusoidal wave of applied cyclic stress (100% σy) curve (at R = 0.1) showing
cyclically stable behavior.
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Figure 7.2 (a) A quarter of symmetrical model with mesh; (b) typical pore locations in
depth from surface [167].
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(a)
𝑝
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Figure 7.3 Calculation of the average value of maximum shear strain range, ∆𝛾𝑚𝑎𝑥 . (a)
𝑝

The contours of maximum plastic shear strain, 𝛾𝑚𝑎𝑥 (for shear stress/strain: ‘+’ means
clockwise, ‘-’ means anti-clockwise. Dark blue is the maximum absolute value in this
𝑝∗

result); (b) area MNL used to calculate the average value of ∆𝛾𝑚𝑎𝑥 on the critical plane.
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Figure 7.4 The maximum cyclic plastic shear strain, 𝛾𝑚𝑎𝑥 of the first 50 cycles from FEA
simulation results in the region surrounding the micro-pore when the applied maximum
cyclic stress is 100% σy.
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Figure 7.5 A 3-D pore-sensitive model. (a) The schematic of the reconstructed 3-D digital
pore structure by randomly distributing spherical pores in a cube [167]; (b) a simulated
sample surface by randomly cross-sectioning the digit pore structure [167]; (c)
verification of the statistical stability of the model by calculating the average area fraction
of the pores on the simulated surfaces as a function of sampling number.
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(a)

Loading axis
Free surface

𝜎𝑚𝑖𝑠𝑒𝑠

Maximum
stress

D/r = 0

(b)

Loading axis
Free surface

𝑝

𝛾𝑚𝑎𝑥
Maximum
strain

D/r = 0
Figure 7.6 The stress/strain fields calculated using an FEA method around a spherical
pore at a maximum cyclic stress of 80% σy and D/r = 0. (a) The contours of Mises stress
around the pore and the maximum value marked by an arrow, the stress unit is 106 MPa
and the maximum stress is 338.8 MPa; (b) the contours of maximum shear strain around
the pore and the maximum value (dark blue) marked by an arrow.
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Figure 7.7 The effect of pore depth on stress/strain concentration (Kt) at the applied stress
of (a) 80% σy; (b) 100% σy; and (c) 110% σy.

155

(a)
Average maximm plastic shear strain range

𝑝 0.00014
𝛾𝑚𝑎𝑥

80%y

0.00012
0.00010
0.00008
0.00006
0.00004
0.00002
0.00000
-0.00002
0.0

0.5

1.0

1.5

2.0

D/r

(b)

(c)
𝑝 0.0005
𝛾𝑚𝑎𝑥

100%y

0.00030
0.00025
0.00020
0.00015
0.00010
0.00005
0.00000
-0.00005
0.0

0.5

1.0

1.5

Average maximm plastic shear strain range

Average maximm plastic shear strain range

𝑝
0.00035
𝛾𝑚𝑎𝑥

110%y
0.0004

0.0003

0.0002

0.0001

0.0000

2.0

0.0

D/r

0.5

1.0

1.5

2.0

D/r

𝑝∗

Figure 7.8 The effect of pore depth on maximum shear strain amplitude (∆𝛾𝑚𝑎𝑥 ) at the
applied stress of (a) 80% σy; (b) 100% σy; and (c) 110% σy.
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Figure 7.9 The effect of pore depth on crack incubation life (Ninc) at the applied stress of
(a) 80% σy; (b) 100% σy; and (c) 110% σy.
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Figure 7.10 The range in pore depth between A and B used to determine crack incubation
at pores in surface under the maximum cyclic stress of 100% σy.
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Figure 7.11 Simulated number of fatigue cracks initiated at pores as compared to the
experimental result at different stress levels in the studied alloy.
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Chapter 8 Conclusions
The formation process of α-dispersoids, their inhibiting effect on recrystallization and
fatigue crack initiation behavior of the AA6061 (Al-Mg-Si-Cu) Al alloys modified with
the addition of Mn and/or Cr were studied in this study. The formation mechanism of αdispersoids during high temperature annealing was investigated with the help of STEM
and 3-D APT. The strengthening mechanisms in the alloy were also quantitatively
interpreted as a function of the annealing temperature. The dispersoid characteristics were
quantified on STEM, allowing investigation of the effects of heating rate, content of Mn,
low temperature pre-nucleation treatment and homogenization temperature on the
formation of α-dispersoids during homogenization in these alloys. Upsetting tests were
performed on two modified AA6061 Al alloys with distinctive Mn contents. The effective
inhibiting effects of the finely distributed α-dispersoids on recovery and recrystallization
were revealed using STEM and EBSD. Four-point bend fatigue tests were carried out on
two modified AA6061-T6 Al alloys with different Si contents. OM and SEM were applied
to capture a detailed view of the fatigue crack initiation behaviors of the alloys. A
quantitative model, which took into account the 3-D effects of pores (7 µm in diameter) on
the local stress/strain fields around the pores in surface, was applied to quantification of
the fatigue crack population and incubation life in a modified AA6061-T6 Al alloy at
various applied cyclic stresses. All the main conclusions drawn from the current research
work are summarized as follows:

(1)

The as-cast microstructure of the alloys studied consisted of a dominant αAl(FeMnCr)Si constituent phase, a minor phase of Mg2Si and a small amount of
AlCuMgSi phase. During homogenization treatments, α-phase began to fragment and
spheroidize, and Mg2Si and Q-AlCuMgSi phases were almost fully dissolved into the
Al matrix.

(2)

During homogenization treatments, a large amount of α-Al(MnFeCr)Si dispersoids
were formed in the alloys which had the morphology of rods, platelets and fine blocks,
with PFZs being formed surrounding the Mg2Si phase on grain boundaries. The
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formation of α-dispersoids was strongly affected by various homogenization
parameters, such as heating rate, content of Mn, low temperature pre-nucleation
treatment and homogenization temperature. Increasing the heating rate or
homogenization temperature led to a reduction of the number density and an increase
in the equivalent size of dispersoids. A higher Mn content resulted in a larger number
density, equivalent size and length/width ratio of the dispersoids. Through low
temperature pre-nucleation treatment, the number density of dispersoids was
increased.

(3)

Three sizes of precipitates, i.e., nano-sized (< 100 nm), submicron-sized (< 1 μm)
and micron-sized (> 1 μm), existed in the alloys after upsetting. The Cu-containing
coarse precipitates (> 1 μm), formed during rapid heating before upsetting, could be
fractured during hot deformation, which was detrimental to the mechanical properties
of the alloys. The other two sizes of precipitates were fine α-Al(MnCrFe)Si
dispersoids that were formed during previous high temperature annealing.

(4)

Mn and Cr-containing α-dispersoids with a high number density and thermal stability
could effectively retard recovery and recrystallization, and stabilize the
microstructure of the alloys during hot deformation and the subsequent solution heat
treatment by pinning movement of dislocations and migration of (sub)grain
boundaries. A higher content of Mn led to a higher number density of dispersoids,
and thus an enhanced retardation effect on recrystallization. An optimum dispersoid
size, approximately 0.1~1 µm, was suggested to have the best dislocation pinning
effect.

(5) Three typical morphologies of fine α-Al(MnCrFe)Si dispersoids, i.e., rods, platelets
and fine blocks, were observed in the alloy after 4 hours of homogenization treatment
at 460 and 550 C, respectively. Strings of fine block-like α-dispersoids were also
found after the homogenization treatment at 460 C.
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(6)

Mn distributed non-uniformly with a Mn-depleted region surrounding the Mg2Si
phase at GBs in the as-cast alloy. In the early stage of homogenization, in Mn-rich
regions, Mn segregated at the interface between the long lath-shaped Q-phase and the
matrix, which triggered the transformation of Q-phase into strings of Mn-rich
precipitates. Meanwhile, Q-phase still remained unchanged in the Mn-depleted
regions without segregation of Mn at the Q-phase/matrix interface. This indicated
that the segregation of Mn was essential to induce the transformation of Q-phase into
α-dispersoids, and that Q-phase was considered to be the precursor phase for the
formation of α-dispersoids.

(7)

With further increase in the homogenization temperature and time, α-dispersoids
gradually evolved, with the participation of other dispersoids-forming elements in
addition to Mn. The atomic ratio of Mn/Si was found to be close to 1 in the αdispersoids when the dispersoids were fully developed.

(8)

A significant dispersoid hardening effect could be achieved in the alloy after 4 hours
of annealing at 460 C, while after annealing the alloy at 550 C for 4 hours,
strengthening by a higher level of solid solution of alloying elements, such as Mn, Cr,
Fe, Si, etc., played a more important role in determining the strength of the alloy, as
a result of increasing dissolution of dispersoids thereby increasing the supersaturation
of the alloying elements in the alloy at 550 C.

(9)

The micro-pores were observed and statistically characterized in the two modified
AA6061-T6 Al alloys with various Si contents. The average diameters of the pores
on the surface were 3.2 and 2.64 µm, the average area fractions of the pores were
0.24% and 0.35%, and the average pore densities were 218 and 449 mm-2 for the
alloys with low and high Si content, respectively. These pores were formed during
solidification or due to overheating that partially melted the Si-containing particles at
GBs in the alloys during homogenization.
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(10) The fatigue limits were measured to be approximately 224 and 283.5 MPa for the
alloys with low and high Si content, respectively, at a run-out number of 5.5 x 106
cycles in four-point bend tests.

(11) The number of cracks observed on surface was found to be very small (1~3) and
barely increased with the applied stress, when the applied stress was below the yield
strength. However, it was increased sharply with the increase of the applied stress to
approximately the ultimate tensile strength.

(12) The fatigue crack initiation behaviors of the alloys were dramatically influenced by
the tunnel-shaped pores in the alloys. Fatigue cracks were predominantly initiated at
the pores at or very close to surface, which were always aspheric in shape with the
larger dimension in depth from the sample surface, with the minority of the cracks
being initiated at the second phase Mg2Si-particles or at the interface between the
Mg2Si-particle and the matrix.

(13) FEA results demonstrate that both the stress/strain concentration factors (Kt) and
𝑝∗

crack initiation driving force ( ∆𝛾𝑚𝑎𝑥 ) around a micro-pore increased (fatigue
incubation life decreased) with decreasing the distance between the pore and the alloy
surface. They reached peaks when the pore was just buried beneath the surface (i.e.,
at D/r = 1) in the modified AA6061-T6 Al alloy. The critical ranges of pore positions
for crack initiation in surface were very narrow for all applied stress levels without
much increase with the increase of the applied stress. No cracks could be initiated
𝑝∗

outside the critical range as ∆𝛾𝑚𝑎𝑥 was effectively too small.
(14) The population of fatigue cracks initiated at various applied cyclic stresses was
quantified using a 3-D pore-sensitive model which computed crack initiation life with
a micro-scale Manson-Coffin equation, assuming that pores were all in the same size,
7 μm in diameter. The simulated results were consistent with those experimentally
measured, when the applied maximum cyclic stress was below the yield strength.
However, the model could not capture the sudden increase in crack population at UTS,
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which was likely to be due to the fact that the effects of pore shape and size were not
considered in simulating fatigue crack initiation at the pores near surface in the model.
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